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Abstract 

This work elucidates the morphology evolution of perovskite Ti3AlC carbides in a Ti-

45Al-5Nb-0.75C alloy during ageing at 800 °C. The carbides in the γ matrix are initially 

needle-shaped with their long axis parallel to the [001] lattice direction of the γ matrix. 

After extended annealing, they decompose into small carbide sub-particles. By 

combining different transmission electron microscopy characterization methods and 

atom probe tomography it has been verified that the carbides first split into several 

parallel needles that are aligned along the [001]γ lattice direction. Later these parallel 

needles further decompose into numerous small sub-particles, while the matrix phase 

region between the sub-particles crystallographically reorients. To the authors’ 
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knowledge this is the first work which demonstrates such a precipitate splitting process 

in a matrix with a tetragonal crystal structure. It is proposed that the decomposition into 

small sub-particles is energetically favorable owing to the elastic interaction energy 

between the split sub-particles. 
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1. Introduction 

Recently γ-TiAl alloys have been applied successfully in commercial aircraft engines 

as low pressure turbine blades [1] and are considered as promising substitutes for Ni-

base superalloys. To further raise their application temperature and improve their hot-

workability and castability through β phase solidification [2], γ-TiAl alloys with a high 

amount of Nb (5-10 at. %) have been developed. These alloys possess high strength [3], 

excellent creep resistance [4] and good oxidation behavior [5] at elevated temperatures. 

Nevertheless, a further increase of the application temperature is still an attractive goal 

of γ-TiAl alloy development. The creep properties of γ-TiAl based alloys are improved 

by the addition of carbon via precipitation hardening by the Ti3AlC perovskite (P-) 

phase [6, 7]. During deformation P-type carbides interact with dislocations, pin them 

and prevent dislocation propagation [4]. Appel at al. [8, 9] showed that the high density 

of needle-like perovskite precipitates in γ-TiAl alloys could also act as heterogeneous 

nucleation sites for mechanical nano-twins, which could release stress concentrations 

and thus support plastic deformation of γ-TiAl alloys. The P-type carbides initially 

precipitate coherently in the γ matrix and have a needle-like shape with a high aspect 
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ratio [7, 10, 11]. In the course of extended annealing they coarsen and finally lose 

coherency [10]. In TiAl alloys with 0.5 mol% C Tian et al. [11] detected a long-range 

ordering of carbon-vacancies in the P-Ti3AlC carbides and two ordered domains 

coexisting in a single needle after annealing at 800 °C. But this phenomenon 

disappeared at higher temperatures of around 900 °C [11]. The chemical composition of 

the domain boundaries and internal domains of a needle-like P-type carbide in TiAl has 

been studied using atom probe tomography by Gerstl et al. [12]. The authors found that 

after ageing at 800 °C for 24 h, the chemical composition within the domains differed 

from the domain boundaries. After annealing for 48 h, the composition fluctuation 

across the domain boundaries was greatly reduced. They believed that initial changes of 

chemical composition across the domain boundaries was an initial step in the phase 

transformation from perovskite (P-) type to hexagonal (H-) type carbides [12].  

To date research on carbides in TiAl alloys has mainly concentrated on the ternary 

Ti-Al-C system [11], with only limited information about long-term carbide 

morphology development in some multinary systems [13-16]. Also information about 

the carbide morphology development on time scales in excess of one week is scarce. An 

understanding of carbide morphology development and the shape stability of perovskite 

Ti3AlC carbides is essential for further improving the mechanical properties of TiAl 

based alloys. According to stability considerations, needle-shaped precipitates with a 

high aspect ratio that are present in TiAl alloys could be prone to morphological 

instability after long-term annealing treatments. Such an instability would be 

particularly important with respect to the long-term creep resistance of the alloys. Thus 

in this work, we have investigated the evolution of the perovskite Ti3AlC carbide 

morphology in a Ti-45Al-5Nb-0.75C (all in atomic percent) alloy over the course of 
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long-term aging at 800 °C using transmission electron microscopy (TEM), high 

resolution TEM (HRTEM) and high-energy X-ray diffraction (HEXRD). The local 

chemical composition of the precipitates and their surrounding area was determined 

using atom probe tomography (APT). 

 

2. Experimental 

The investigated alloy has a composition of Ti-45Al-5Nb-0.75C (in atomic percent) 

and was produced using the powder metallurgy (PM) route. Pre-alloyed powder was 

made by plasma melting induction guiding gas atomization (PIGA) and then 

consolidated using hot-isostatic pressing (HIP) at 1250 °C and 200 MPa for 2 h. The 

actual carbon content was measured to be 2170 μg/g (0.74 at. %) and the nitrogen 

concentration was 48 μg/g in the HIPed powder (0-180 μm) using the LECO CS-444 

melt extraction system. More detailed information about the material production and the 

microstructure after HIPing can be found in [17-19]. In order to form finely dispersed 

precipitates in the γ matrix, different heat treatments were done with specimens cut from 

the HIPed billet. Specimens had a size of around 10*10*10 mm3 and the microstructure 

investigated was close to the center to avoid side effects from possible nitrogen pick-up. 

Some specimens were directly annealed at 800 °C for 24, 48, 96, 168, 336 or 1054 h, 

followed by furnace cooling. Such specimens are denoted as HIP+anneal. To dissolve 

the primary carbides present in the HIPed state another series of specimens were first 

solution-treated at 1250 °C for 5 h, followed by oil quenching and subsequently aged at 

800 °C for 24, 48, 96, 168, 336 or 1054 h. These specimens are denoted by SOL+anneal. 

All the heat treatments were performed in air.  
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    High-energy X-ray diffraction experiments to determine lattice parameters were 

carried out at the HEMS and HARWI-II beam lines run by the Helmholtz-Zentrum 

Geesthacht at the Deutsches Elektronen-Synchrotron (DESY) in Hamburg. The X-ray 

beams had a cross section of 1×1 mm2 and a photon energy of 87.1 keV at HEMS and 

100 keV at HARWI-II. These energies correspond to X-ray wavelengths of 0.1425 Å 

and 0.1240 Å, respectively. The diffractograms were either recorded using a mar345 

image plate or a PerkinElmer XRD 1622 flat panel detector at the HEMS beamline and 

a mar555 flat panel detector at HARWI-II. Rietveld analysis of the HEXRD patterns 

was used to determine the lattice parameters of the γ phase in the various specimens. 

Due to the low volume fraction of carbides, Rietveld analysis could not be used to 

determine the exact lattice parameters of the carbides. Thus, the lattice parameters of P-

type carbides were determined as the average value from the peak positions of the (111), 

(200) and (220) reflections. 

The number density, size and morphology of carbides were investigated using a 

Philips CM200 TEM operated at 200 kV. Carbide size and number density 

measurements were determined from TEM images and at least three γ grains were 

analyzed for each condition. The TEM images were recorded along the [100]γ and 

[001]γ lattice directions in order to measure the length (L) and diameter (D) of the 

carbide needles, and the length (L), width (W) and thickness (T) of the carbide plates. 

The number density of the precipitates was calculated from the number per unit area 

divided by the foil thickness when imaged along the [001] direction which could be 

approximated to be about 100 nm for all specimens. The values for each heat-treated 

condition were averaged from about 200-3000 carbides. More detailed information 

about the methods used to determine the carbide number density and size can be found 
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in [20]. The interface between the carbides and the γ matrix, and their atomic 

arrangement were examined in high resolution using a FEI Titan 80-300 TEM with a Cs 

image corrector operated at 300 kV. TEM specimens with 2.3 mm diameter were drilled 

out, mechanically ground to a thickness below 120 μm, and then thinned by twin-jet 

electro-polishing at 25-35 V and a temperature of -40 °C in a solution of 26 ml 

perchloric acid (70%), 359 ml 2-butanol and 625 ml methanol.  

The atom probe analysis was carried out on a Cameca LEAP 4000X HR atom probe 

using high voltage pulses to trigger field evaporation. The experiments were done at a 

temperature of 65 K, with the voltage pulses set to 20% of the DC bias voltage. The 

voltage was regulated to register a detector hit on average in 0.9% of the pulses. The 

samples were prepared using standard FIB based lift-out methods with low-kV final 

steps to avoid ion damage in the investigated volume [21, 22]. 

 

3. Results and discussions 

3.1 Development of Ti3AlC carbide size, density and morphology  

Figure 1 shows the development of carbide morphology in  grains in SOL+anneal 

specimens. After 24 hours annealing at 800 °C, needle-shaped carbides that are 

elongated along the c-axis of the γ matrix can be observed when imaged along the 

[100]γ or [010]γ direction. They have a diameter of about 4 nm and a length of about 20 

nm (standard deviation < 1.5 nm). When imaged along the [001]γ direction, the 

circular cross-section of these needles is visible. The carbides grow in size when 

annealing time is increased to 168 h. Viewing along the [001]γ direction it can be seen 

that some carbide cross-sections are very close to each other and regularly spaced, 

seemingly as though a large carbide of plate-like morphology has split in parallel 
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needles. After 1054 hours of annealing large conglomerates consisting of numerous 

small carbide sub-particles are found instead of coarsened needles. They seem to have 

formed from the parallel needles found after 168 hours by splitting of these needles 

along their needle axis. The sub-particles are between 5 to 15 nm in diameter. For all 

ageing times, the P-type carbides exhibit the same orientation relationship with the γ 

matrix: namely [100]γ // [100]P and (001)γ // (001)P, as reported in literature [10, 11]. 

This was evidenced by analysis of diffraction patterns.  

     It is interesting to compare the morphology development with that in the HIP+anneal 

material. The different heat treatment history which probably leads to minor changes in 

carbon distribution significantly alters some details of the morphology development. 

The HIP+anneal material also contained needle-like shaped carbides after ageing at 

800 °C for 24 h. But contrary to the solution-treated material a fully developed plate 

state of the carbides can be found prior to splitting into sub-particles (happening after 

168 h), as shown in Fig. 2. There are two sets of carbide plates with the habit plane 

either parallel to the (100) or (010) crystallographic planes of the γ matrix (Fig. 2a and 

Fig. 2b). It has also been found that the morphology transformation of carbides from 

needles to plates first takes place close to grain boundaries, as shown in Fig. 2c. This is 

most probably due to the formation of large carbides at grain boundaries depleting 

regions near the grain boundaries in carbon. This variation in carbon content results in a 

lower density of carbides near grain boundaries. But these carbides grow faster, than 

those within the grain interior, and undergo morphological transformation to plates 

earlier. Such local differences in morphology development are not observed in the 

SOL+anneal specimens indicating that the local carbon concentration strongly 
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influences the carbide morphology development, presumably via influencing the 

Young’s modulus and lattice parameters of the  matrix and the P-type carbides.  

The assumption of a needle-like shape along the [001]γ direction during growth is 

well known from literature [11]. The lattice mismatch between the coherently embedded 

P-type carbide and the  matrix is lower along this direction [11]. Table 1 lists the 

lattice mismatch along the different crystallographic orientations between the P-type 

carbide and the -TiAl phase measured by HEXRD. The lattice mismatch along [100] 

and [001] directions is defined by: ε100=(aγ-aP)/aP and ε001=(cγ-aP)/aP, respectively. aγ 

and cγ are the lattice parameters of the γ phase, and aP the lattice parameter of the P-type 

carbide phase. The data shows that the lattice mismatch along the c-axis of the  phase, 

ε001, is smaller than along either the a- or b-axis (ε100/010). P-type carbides are under 

compressive stress and this stress along the [001] direction is smaller than that along the 

other two cubic crystallographic orientations. Consequently P-type carbides in the γ 

matrix grow preferentially along the [001] direction. However, the difference in 

mismatch between ε001 and ε100/010 is less than that reported in the study of Tian et al. 

[11] and Schuster et al. [23]. This is probably due to different alloy compositions.  

The morphology transformation to plates is very apparent in HIP+anneal specimens 

and has not been reported in previous work. It can be explained using predictions made 

by Lee et al. [24] based on the theory of Eshelby [25] for inclusions. They found that 

plates are the most energetically favorable shape for coherent precipitates during their 

growth if they are elastically softer and have a lower elastic anisotropy factor than the 

matrix. These pre-conditions are met in the present case. From literature data [26, 27] it 

can be estimated that the shear modulus of the P-type carbides is only around 0.8 that of 
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the  matrix while the anisotropy factor of the  matrix is roughly double that of P-type 

carbides.  

Through quantifying the carbide size and number density during annealing some 

additional insight can be gained (Fig. 3). As particle splitting is observed after 168 h in 

the SOL+anneal condition the carbide number density and size are only plotted up to 96 

h for this specimen condition. For both heat-treated conditions the carbide number 

density decreases and the carbide size increases with increasing annealing time. 

Nevertheless, it should be noted that the carbide number density in the SOL+anneal 

specimens is significantly higher and the size of the carbides is smaller. Solution 

treatment at 1250 °C results in dissolution of grain boundary carbides [19] and 

redistribution of carbon into the matrix. Thus, more carbides form in the γ matrix in the 

SOL+anneal specimens but grow slowly compared to carbides in the HIP+anneal 

specimens. Due to the fact that the plate thickness T at 48 h is smaller than the needle 

diameter D at 24 h in the HIP+anneal specimens the change from a needle- to a plate-

like morphology cannot occur by anisotropic growth in a second direction. It is most 

probably associated with a redistribution of atoms. 

3.2 Splitting of the perovskite Ti3AlC carbide 

    As discussed above, perovskite Ti3AlC carbides split after annealing at 800 °C for 

168 h. After annealing for 1054 h, most carbides split completely into smaller sub-

particles in the SOL+anneal condition. In the HIP+anneal condition, carbides also split 

similarly, although after 1054 h some carbides still retain in a plate-like shape. The 

different shape development of carbides in both conditions may be attributed to the 

combined effects from carbide density, chemical homogeneity and the stress field in 

which the carbides are situated. In the following the carbides in the SOL+anneal 
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specimens are further investigated to elucidate the splitting process and the split 

substructure configuration in detail.  

3.2.1 Splitting process  

Observation of the particle morphology in an intermediate state after 336 hours of 

annealing suggests that the conglomerates of carbide sub-particles stem from a splitting 

process. Figure 4 shows the perovskite Ti3AlC carbides in the SOL+anneal specimen 

after annealing for 336 h imaged along the [100]γ (Fig. 4a) and [001]γ (Fig. 4b) 

directions, respectively. The dark-field images were taken using a reflection from the 

precipitates and thus the carbides show bright contrast. As described earlier, after 

annealing for 1054 h the carbides split into smaller sub-particles. The conglomerates of 

sub-particles are arranged in a plate-like shape with the plate plane being either parallel 

to the (100)γ (orientation type A in the following text) or (010)γ (orientation type B) 

planes. When imaged along the [100]γ direction using g=010P (Fig. 4a), type B sub-

particle conglomerates are viewed from the side and type A sub-particle conglomerates 

are viewed from the top. The side-view of type B shows uniform contrast along the 

needle-like projections. For some top-views of type A, it is apparent that the carbides 

have only split into parallel needles elongated along the [001]γ direction, as marked by 

arrows. However, it is also observed in other type A conglomerates that these parallel 

needles have started to further split into smaller sub-particles. When imaged along the 

[001]γ direction using g=010P (P stands for perovskite Ti3AlC phase, Fig. 4b), fringes 

not only appear in A type sub-particle conglomerates, but also in some of the B type.  

In order to understand the nature of these fringes (i.e. the crystal volume between the 

split carbide sub-particles), tilting experiments and dark-field imaging utilizing different 

g-vectors were conducted. By measuring the fringe spacing, it could be confirmed that 
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the contrast phenomena is not moiré fringes but indeed originates from the carbide 

splitting process. Figure 5 shows examples imaged from the [001]γ and the [100]γ 

directions, respectively for a SOL+anneal specimen after annealing for 1054 h. From 

Figs. 5a and b ([001]γ), the projections of the two types of carbide sub-particle 

conglomerates are observable. When using g=100P, all the regions between the sub-

particles in type A show bright contrast as the sub-particles, while become dark at 

g=010P. For carbide sub-particle conglomerates of type B the situation is reversed. 

When viewed along the [100]γ direction (Figs. 5c and d), all the regions between sub-

particles in type B show bright contrast using g=010P, but lose the brightness when 

using g=01-1P. Based on this diffraction analysis it is found that the regions between 

sub-particles also show bright contrast as the carbide sub-particles in some cases when 

using the precipitate diffractions in dark-field imaging. Thus it is proposed that the 

regions between carbide sub-particles have a different crystallographic orientation 

compared to the surrounding γ matrix. Also the orientation of the region between the 

sub-particles for each type of sub-particle conglomerate is different. Here it is also 

worth mentioning that the splitting phenomenon found in this work differs from that 

reported by Tian et al. [11], where long-range carbon-vacancy ordering was formed in 

the perovskite carbides. The phenomenon observed by Tian should not be visible as 

fringes under the imaging conditions used in this work. 

From the results presented above we know that the splitting of carbides includes 

different stages: big carbides first split into parallel needles which are aligned along the 

[001]γ lattice direction, then these parallel needles further split into small sub-particles, 

with the orientation of regions between carbide sub-particles changing. However, 

detailed information about the split substructure and the region between sub-particles is 



12 

 

still lacking. In order to clarify the atomic arrangement of the substructure and the 

interface between the sub-particles and the matrix, HRTEM investigations were carried 

out on specimens of SOL+anneal material. 

3.2.2 Structure of the sub-particle conglomerates after splitting 

The interface between the carbides and the γ matrix was investigated by HRTEM 

along different zone axes. The findings imply that the carbides remain coherent with the 

surrounding γ matrix during the course of ageing as no misfit dislocations are observed. 

It is interesting to note that a loss of coherency is reported already for 168 hours of 

annealing in the 800 °C temperature range in literature [10]. This discrepancy may stem 

from the fact that an alloy with higher aluminum and lower niobium content was 

investigated in [10] and the loss of coherency was coupled with a transformation to 

hexagonal (H-Ti2AlC) type carbides.  

An investigation of the splitting process as well as the arrangement of the 

crystallographic phases within sub-particle conglomerates by high-resolution-imaging 

reveals, that the tetragonality and elastic anisotropy of the L10 -TiAl crystal structure 

fundamentally affects the process. 

Fig. 6a to c show the cross-section of carbides at different stages of splitting after 

annealing for 168 h (imaged along the [001]γ). Most carbides are needle-shaped and 

show nearly octahedral cross-sections (Fig. 6a). Some other carbides have started to 

split in two parallel needles by an ingrowth of the γ matrix (m) phase which has 

resulted in a dumbbell-like cross-section. Only a small section of Ti3AlC carbide lattice 

structure remains and connects two parallel carbide needles, as seen in Fig. 6b. Figure 

6c shows the carbide has fully split. In addition the crystallographic orientation of the 

region between the two parts has changed and is different to that of the surrounding 
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matrix. The region shows a contrast of alternating darker and brighter atomic planes. 

This is a view of the atomic structure of the L10 -TiAl phase along the [100] or [010] 

direction where the ordered structure of L10 is visible. From the experimental 

observations by the dark-field imaging and HRTEM, the following order of events can 

be deduced: Carbides split into two or more parallel needles by the ingrowth of a small 

section of the m matrix. Subsequently, this section of interspersed  phase (i) between 

the needles crystallographically re-arranges from an initial [001] to a [100] or [010] 

orientation.  

Figure 7 shows two completely split-up carbide conglomerates as found after 1054 

hours of annealing. Figures 7a and b are imaged along the [001] and [100] orientation 

of the surrounding  matrix, respectively. In both micrographs regions of the i phase 

with a crystallographic orientation different from the surrounding m matrix are clearly 

discernible between the larger carbide sub-particles. The shape of the i phase regions is 

not equiaxed. Interfaces with the carbide sub-particles are significantly larger than 

interfaces with the m matrix resulting in a width-to-height ratio of about 3 to 1. 

Figure 8 shows the results of the atom probe investigation of a carbide sub-particle 

conglomerate in a SOL+anneal specimen after annealing for 1054 h. To delineate the 

particles, a 5 at.% iso-surface of carbon is shown together with an atom map of C in Fig. 

8a. The TEM investigations above only show that the Ti and Al atoms in the carbide 

sub-particles are arranged in a way that is in alignment with the crystal structure of the 

P-Ti3AlC phase. The atom probe results furthermore reveal that this change in 

crystallography is also connected with an enrichment of carbon in the carbide sub-

particles. The iso-concentration surface based on the APT data resembles the 

morphology of the carbide sub-particle conglomerates known from the TEM 
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micrographs. From the APT data, the chemical composition of the carbide phase and the 

matrix regions m and i (green box in Fig. 8a) were derived. A proximity histogram of 

concentration vs. distance to the iso-surface in Fig. 8a is shown in Fig. 8b. In order to 

exclude i regions, the proximity histogram was calculated for the region marked in the 

inset only. The concentration for i was calculated separately for the region in the green 

box and is included in the graph. The composition of m with 46.7 at.% Ti, 47.6 at.% Al 

and 5.4 at.% Nb has nearly the same Nb content than results published in the literature 

for a similar alloy [28] but is leaner in Ti and higher in Al. Especially, the carbon 

content found in the matrix phase m is significantly lower than in [28] and in better 

agreement with carbon contents reported in [29-31] for a number of single -phase and 

2+-two phase alloys. It is interesting to note that the composition of i differs from m. 

While Ti is only slightly decreased to 43.9 at.% in i, the carbon and oxygen 

concentration are increased to 2.9 and 4.1 at.%, respectively. While part of this 

enrichment may be caused by local magnification effects it is nevertheless higher than 

expected for -TiAl phase. Thus, i from its crystallographic arrangement of Ti and Al 

atoms can be considered as a kind of -TiAl phase being not in thermodynamic 

equilibrium because the solubility of carbon as well as oxygen are exceeded. In the 

carbide sub-particles, the Ti-concentration is increased while the concentration of Al is 

decreased. The contents of Ti and Al agree well with literature data for the ternary Ti-

Al-C system [32, 33]. According to them the stoichiometric Ti:Al ratio of 3:1 is nearly 

reached. Also the measured content of carbon in the carbide agrees with compositions 

reported in literature predicting P-type carbide contents for carbon lean ternary Ti-Al-C 

alloys to be slightly lower than the concentration of aluminum in the precipitate [32, 33]. 

Virtually no niobium is found in the carbide sub-particles.  
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3.2.3 Interpretation for carbide splitting 

According to the classical coarsening theory larger precipitates grow at the expense 

of smaller ones during ageing to reduce the interfacial energy [34, 35]. However, if the 

precipitates remain coherent or semi-coherent with the matrix during the course of 

growth, the elastic strain energy cannot be ignored. In addition to the strain energy from 

the precipitate itself, there is elastic interaction energy due to the neighboring 

precipitates, which also affects the particle arrangement and shape [36, 37]. So, the 

energy state of a coherent carbide in the matrix is expressed as E = Eelas + Esurf + Eint 

[37-40]. Where, Eelas is the elastic strain energy due to the lattice mismatch between the 

carbide and the γ matrix, Esurf is the surface (interfacial) energy, and Eint is the elastic 

interaction energy caused by the overlap of elastic strain fields from individual coherent 

carbide precipitates. In the case that a large carbide precipitate splits into smaller 

carbide sub-particles and the shape of the individual particle or sub-particle is assumed 

as an ellipsoid of revolution, according to the theory of Eshelby [25] the energy state 

before (Eq. 1) and after splitting (Eq. 2) can be expressed by the following equations 

[37-40]. 

𝐸 = 𝑉 ∗ 𝐸 + 𝑆 ∗ 𝛾                                                                                              Eq. 1 

𝐸 = 𝑁 ∗ ∗ 𝐸 + 𝑁 ∗ 𝑆 ∗ 𝛾 + 𝐸                                                                      Eq. 2 

where V1 is the volume and S1 is the surface area of a single carbide, Eelas is the elastic 

strain energy per unit volume and 𝛾 is the interfacial energy per unit area of the carbide 

precipitate, N is the number and S2 is the surface area of a single carbide sub-particle. 

𝐸  stands for the elastic interaction energy between the carbide sub-particles. If the 

aspect ratios of the single carbide and the carbide sub-particles do not differ very much, 

the elastic energy could be assumed to be the same before and after splitting analogous 
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to the situation reported in literature for the example of Ni-base superalloys [37-40]. 

Based on Eqs. 1-2, if a gain in elastic interaction energy can outbalance the increase of 

interfacial energy due to an increased interfacial area between the carbide and the γ 

phase, the total energy is reduced and splitting is energetically favourable. 

    A number of authors have predicted [37-42] by theoretical calculation that splitting of 

a large precipitate into smaller sub-particles can be energetically favourable in Ni-base 

superalloys due to elastic interaction between the sub-particles. In this paper, we did not 

carry out such theoretical calculations for the elastic interaction energy but qualitatively 

applied the results from Ni-base superalloys for our case. Due to the tetragonal crystal 

structure of the -TiAl matrix the necessary calculations are more complicated as in the 

case of the cubic Ni-matrix and would be beyond the scope of this experimental paper. 

So, we refrain ourselves to a qualitative comparison with the results from Ni-base 

superalloys. The authors in [37-42] consider a large particle that splits into an 

agglomerate of smaller particles. They calculate the elastic interaction energy as well as 

the energy needed to create new matrix/sub-particle interfaces for the formation of an 

agglomerate of sub-particles from an initially large particle. Their results show that, if 

the newly formed sub-particles are arranged along elastically soft directions of the 

matrix phase, and if at the same time the anisotropy factor 𝐴 = 2𝐶 (𝐶 − 𝐶 )⁄  of the 

matrix is larger than one, then an arrangement of smaller spherical or plate shaped (sub-) 

particles can lead to an energy reduction. Both conditions are met for our case with the 

<001> directions of the -TiAl phase being the elastically softest compared to for 

example <110> or <111> and 𝐴 = 1.92 (He et al. [27]). Thus, in accordance with the 

aforementioned calculations [39-42] a reduction in overall energy due to the elastic 

interaction between sub-particles can account for the splitting of large P-type carbides. 
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However, probably due to the tetragonal crystal structure of the -TiAl matrix, P-type 

carbides first split along the [001] direction to form parallel needles, and then these 

needles split further along the [100] or the [010] direction into smaller carbide sub-

particles. 

    A number of investigations have shown the splitting of  precipitates in nickel-based 

superalloys when the γ precipitates were sparsely distributed in the matrix [37-39, 43]. 

However, some workers believed this finding resulted from a coalescence of particles 

belonging to the same domain [44, 45]. These two processes are difficult to distinguish 

in those studies because precipitates, which were identified as split particles, were only 

slightly smaller in diameter (by a factor of about two) compared to the average diameter 

of precipitates for the respective annealing temperature and time. In the present study 

the evidence for a splitting of the P-type carbides is much stronger, because the sub-

particles are significantly smaller (by a factor of about five to ten) than the carbide 

precipitates from which they form. Shape instability has also been reported in some 

composite systems for cylindrical structures or plate-shaped dispersions [46] and in 

TiAl based alloys with a lamellar structure [47]. A cylindrical fiber embedded in a 

matrix with longitude perturbation in radius is not stable and will be spheroidized when 

the magnitude between the neighboring perturbations (wavelength of perturbation, λ) 

exceeds a critical wavelength λcrit=2πr0 (r0 is the radius of the unperturbed cylinder) 

[46]. This perturbation method was developed by Lord Rayleigh to examine the 

phenomenon of a liquid cylinder breaking into small droplets [48]. For plate-shaped 

dispersions, there are three clearly identified primary modes of instability: 

cylinderization, boundary splitting and edge spheroidization. The dominant instability 

mechanism for the plate morphology depends on several factors such as plate aspect 
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ratio (width/thickness) and dihedral angle (2∅ = 2 cos 𝛾 /2𝛾 , γB is the internal 

boundary surface energy and γS is the interphase surface energy) at the triple point of the 

internal-external boundary juncture [46, 49]. In the case presented here lattice defects 

were rarely detected in carbide precipitates during the HRTEM investigations. Thus, the 

existence of internal faults which could act as preferred splitting sites as a necessary 

pre-requisite for splitting can be excluded. One could thus speculate that Rayleigh 

instabilities play a role when the carbide needles further split into smaller sub-particles 

during the second stage of splitting.  

     The crystallographic re-arrangement of the i phase between the carbide sub-particles 

is most probably associated with the second part of the splitting process, i.e. the 

separation of the parallel needles into smaller sub-particles along their long axis. Only 

in conjunction with this step can such a crystallographic re-arrangement be helpful in 

reducing the coherency stresses between the i phase and the carbide sub-particles. The 

initial crystallographic alignment of the c-axis of the m phase is parallel to the long axis 

of the carbide needles and remains the energetically most favourable configuration for 

two or more parallel needles. However, when such parallel needles subsequently split 

into sub-particles along their long axis, this orientation of the m c-axis is unfavourable 

for regions between the sub-particles. By assuming a new crystallographic orientation 

the i phase between the sub-particles can reduce its mismatch with the P-type carbide 

lattice. This however is achieved at the cost of a new interface between the i and the m 

matrix regions which are now differently oriented to each other. Despite of the 

associated additional interfacial energies and coherency stresses the resulting 

arrangement can still be overall energetically favourable. Firstly, the lattice mismatch 

between the two crystallographically different types of <001> directions in the L10 -
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TiAl phase is lower than that between the -TiAl phase and the P-type carbide phase. 

Additionally, the carbide sub-particles and the i volume segments assume a 

morphology which results in larger interfacial areas between the i and the P-type 

carbide than those between the i and the m matrix. So the i regions reorient in a way 

where the areas with relatively low mismatch between i, m and P-type carbide are 

maximised. However, it cannot be determined from the experimental results if the re-

arrangement of the i phase takes place simultaneously with the second step of splitting, 

or occurs subsequently to the parallel needles splitting into smaller sub-particles along 

their long axes. 

In this study, the morphology of the P-type carbides in TiAl alloys changes during 

exposure to typical service temperatures. Due to different thermal history, the local 

carbon concentration varies and influences the evolution of the carbide morphology. 

This morphology change should be considered for the practical application of carbide 

precipitate-strengthening of TiAl alloys. However, how the morphology change, 

especially the split up of coarse carbides into smaller carbide sub-particles influences 

the mechanical properties must remain to be answered by further studies. One could 

speculate that the interaction between dislocations and a carbide sub-particle 

conglomerate may not be different to the one of a dislocation and a solid carbide. Thus, 

neither a positive nor a negative effect would be expected. Nevertheless, the 

combination of carbide sub-particles with interspersed matrix regions oriented 

differently from the surrounding  matrix could be beneficial in two ways. Firstly, the 

hardening species now consists of the carbide phase and part of the  phase exhibiting a 

higher overall volume fraction of hardening phase compared to the carbide phase acting 

alone. Secondly, as the formation of carbide conglomerates seems to be energetically 
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beneficial the existence of such a morphology could hinder or delay further carbide 

coarsening being detrimental for hardening. Both assumptions are of course only valid 

when comparing the carbide conglomerates with equally coarse or coarser solid 

carbides. There is no reason to assume that the hardening effect of the carbide 

conglomerates should be higher than a homogeneous distribution of the sub-particles as 

small separated carbide precipitates in the matrix. 

 

4. Conclusions 

Coherently embedded perovskite precipitates in -TiAl undergo a morphology change 

from needles to conglomerates of smaller sub-particles which form due to the splitting 

of precipitates. To our knowledge this is the first work in which such splitting of 

precipitates has been observed in a matrix phase with a tetragonal crystal structure. The 

morphology change increases the surface area between the precipitate phase and the 

matrix and is thus counter intuitive on first sight. Nevertheless, theoretical literature 

studies of similar precipitate configurations suggest that such an arrangement can be 

energetically favourable due to the elastic interaction between the carbide sub-particles. 

Understanding Ti3AlC carbide morphology development and splitting is of importance 

to improve the mechanical properties of TiAl alloys. The main conclusions are 

following. 

1. The morphology of coherently embedded P-type carbides undergoes a series of 

transformations involving growth and coarsening in order to minimize the elastic 

distortion energy. 

2. The exact carbide morphology development differs in the two heat-treated conditions. 

Carbides change shape from needles to plates prior to splitting in the HIP+anneal 
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condition, while in the SOL+anneal condition no clearly developed plate shape was 

observed prior to splitting. This shows the strong sensitivity of the carbide morphology 

development to changes in local carbon concentration caused by different heat treatment 

history. 

3. During ageing larger carbides decompose into smaller sub-particles; this is an 

energetically favored configuration that results from the elastic interaction energy 

between the split sub-particles. The splitting takes place in two separate steps: firstly big 

carbides split into several parallel needles, and then these needles split further into 

smaller sub-particles. Due to the morphology of the original precipitates it has been 

unambiguously shown that the conglomerate of sub-particles indeed arises due to a 

splitting phenomenon and does not originate from a coalescence of small precipitates. 

4. Due to the tetragonality of the L10 -TiAl matrix phase, the region of the i phase 

between the split sub-particles reorients to minimize the lattice mismatch at its interface 

with the carbide sub-particles. 
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Table 1 Lattice mismatch between the P-Ti3AlC and γ phases in the Ti-45Al-5Nb-0.75C alloy 

Heat-treated conditions 
a 

P / -γ (Å) 
c 

 P / -γ (Å) 
ε100 (%) ε001 (%) 

HIP+anneal 
800 ºC, 24 h 4.16 / 4.02 4.16 / 4.07 -3.37 -2.16 

800 ºC, 168 h 4.15 / 4.01 4.15 / 4.06 -3.37 -2.17 

SOL+anneal 
1250 ºC, 5 h + 800 ºC, 24 h 4.15 / 4.02 4.15 / 4.07 -3.13 -1.93 

1250 ºC, 5 h + 800 ºC, 168 h 4.15 / 4.02 4.15 / 4.07 -3.13 -1.93 

 
a and c are lattice parameters of the unit cell for both the P-type carbide and the γ phase.  
ε100 and ε001 are lattice mismatch between the P-type carbide and the γ phase along the [100]γ and [001]γ 
crystallographic orientations. 
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Fig. 1. Morphological development of Ti3AlC carbides in the γ matrix of SOL+anneal 

specimens after solution treatment at 1250 °C for 5 h and subsequent annealing at 

800 °C for (a, d) 24 h, (b, e) 168 h, (c, f) 1054 h.  

The images in a-c were taken near the [100]γ direction, while those in d-f were taken 

near the [001]γ direction. TEM dark field images were recorded using 010P diffraction 

in the two-beam condition. All images have the same magnification. 
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Fig. 2. Ti3AlC carbides in the γ matrix of HIP+anneal specimens. (a) in the [101]γ 

direction and (b) near the [001]γ direction after annealing at 800 °C for 168 h. (c) near 

the [001]γ direction after annealing at 800 °C for 48 h. GB: grain boundary; GI: grain 

interior. All TEM dark field images were recorded using 010P diffraction in the two-

beam condition. 
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Fig. 3. Development of the carbide size and number density (with standard deviation 

bars) in the γ matrix as a function of annealing time at 800 °C in the Ti-45Al-5Nb-

0.75C alloy.  

L, W and T represent Length, Width and Thickness for plates. L and D represent Length 

and Diameter for needles. Carbide number density is displayed as round symbols 

connected by a spline to guide the eye. 
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Fig. 4. Ti3AlC carbides in the γ matrix of a SOL+anneal specimen after solution 

treatment at 1250 °C for 5 h and subsequent annealing at 800 °C for 336 h. Dark-field 

images were recorded using g=010P in the two-beam condition near (a) the [100]γ 

direction and (b) the [001]γ direction. A and B mark carbide sub-particle conglomerates 

which extend in the (100)γ and (010)γ planes, respectively. Arrows mark carbides which 

have only split into parallel needles.  
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Fig. 5. Dark-field imaging of Ti3AlC carbides in the γ matrix of a SOL+anneal 

specimen after solution treatment at 1250 °C for 5 h and subsequent annealing at 800 °C 

for 1054 h. The images were taken along the [001]γ direction using (a) g=100P and (b) 

g=010P, and along the [100]γ direction using (c) g=010P and (d) g=01-1P. A and B mark 

carbide sub-particle conglomerates which extend in the (100)γ and (010)γ planes, 

respectively. All dark-field images have the same magnification. 

 

 

 

 

 

 

 

 

 

 

 

 

 



34 

 

 

 

 

Fig. 6. Different stages of the carbide splitting process in a SOL+anneal specimen after 

solution treatment at 1250 °C for 5 h and subsequent annealing at 800 °C for 168 h, 

viewed along the [001]γ direction.  

(a) A needle-shaped carbide shows nearly octahedral cross-section, (b) a carbide has 

started to split due to the ingrowth of the surrounding γ matrix, (c) a carbide has fully 

split and the region of the γ phase between sub-particles has reoriented with respect to 

the surrounding γ matrix. 
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Fig. 7. Details of carbide sub-particle conglomerates in a SOL+anneal specimen after 

solution treatment at 1250 °C for 5 h and subsequent annealing at 800 °C for 1054 h.  

(a) Imaged along the [001]γ orientation; (b) Imaged along the [100]γ orientation.  
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Fig. 8. Atom probe investigation of a carbide sub-particle conglomerate in  a 

SOL+anneal specimen after solution treatment at 1250 °C for 5 h and subsequent 

annealing at 800 °C for 1054 h. (a) atom map of carbon with a 5 at.% carbon iso-surface. 

(b) proximity histogram of elemental concentration vs. distance to the iso-surface in (a), 

compared to the concentrations in the γi region (green box in Fig. 8a) . 
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