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Abstract 

The effect of local deformation on the fracture behaviour of TiAl alloys was investigated. 

Roller indentations impressed parallel to the crack plane significantly improve the fracture 

toughness. The residual strains present in the indentation zone were characterized by X-ray 

diffraction and modelled using finite element (FE) calculations. The experimentally observed 

macrostrains exhibit remarkable crystallographic anisotropies and are unequally shared 

between the major alloy constituents. The mechanisms behind the observed toughening have 

been discussed in terms of the residual strains and factors improving the crack tip plasticity. 

With regard to intended high-temperature applications, the temperature retention of the 

toughening effect was studied.  
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1. Introduction 

The attractive thermo-physical properties of titanium aluminide alloys make them potentially 

useful for a variety of high-temperature structural applications [1, 2]. However, current 

materials used in applications, for which replacement by TiAl alloys is being considered, have 

superior toughness and ductility, a fact that sets severe limitations on the design and handling 

of TiAl components. In component design, stress intensity factors, termed KI, are used by 

arguing that the material can withstand a critical intensity of the crack-tip stress and strain 

field, characterized by the critical stress intensity, KIc. This KIc value is a measure of the 

fracture toughness of the material. If the loading parameter KI exceeds KIc, a mode-I crack 
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propagates. The failure stress a of a component is related to the crack length ac and the 

fracture toughness KIc by [3] 

 



 a 
KIc

 ac
.         (1) 

 

The quantity  is a geometrical parameter generally on the order of unity. The allowable 

stress a in the presence of a crack of length ac is directly proportional to KIc, while the 

allowable crack length for a given stress is proportional to the square of KIc. Based on the 

desired service stress and typical defect sizes that are practical for inspection, the material 

must have at least a minimum toughness to obtain acceptance in the design community.  

The low toughness of titanium aluminides is essentially caused by the poor resistance against 

cleavage fracture of low-index crystallographic planes in the (TiAl) and 2(Ti3Al) phases. 

For example, the theoretical stress intensity factor for a mode-I crack on an {111} plane was 

determined by first-principles total energy calculations to KIc=0.90-0.94 MPa√m, depending 

on cleavage direction [4]. Similar values hold for the basal plane of the 2 phase and for crack 

propagation along a TiAl/Ti3Al interface. The sensitivity to cleavage fracture of the isolated 

(TiAl) and 2(Ti3Al) phases was confirmed by electron microscope observations [5] and 

fracture toughness testing [6]. Thus, once nucleated in these phases, cleavage cracks may 

grow extremely fast to a critical length, unless no other toughening mechanism is available. In 

spite of the brittleness of the individual phases, two-phase (2+) alloys can be significantly 

tougher, mainly depending on the phase morphology [7-9]. The best room temperature 

toughness was recognized in fully lamellar alloys [8, 9]; a finding that was also justified by 

molecular simulations of crack growth [10].  However, fully lamellar alloys exhibit little room 

temperature ductility; thus, for technical applications, the so-called duplex microstructure is 

favoured, which is comprised of lamellar colonies and equiaxed grains. Modern types of 

alloys with such a microstructure exhibit room temperature yield stresses in excess of 1 GPa 

combined with a plastic tensile elongation of about 2 % [2, 11]. Unfortunately, the toughness 

of these alloys seldom exceeds 10 MPa√m, i.e., their capability to withstand process- or 

service-induced defects at the yield stress level is limited. This compares with a toughness of 

40-50 MPam, which is typical for Ni-based superalloys. Thus, in order to use the high-

strength TiAl alloys at their full potential, improvement of the fracture toughness is required. 

Microstructural manipulation towards higher toughness of duplex alloys seem to be exhausted 

after decades of research and development in this field; for reviews see [2, 12]. Thus, finding 

mitigation strategies to overcome the low damage tolerance could be important for 

widespread use of TiAl alloys. In this context, the effect of uniaxial pre-stressing on the 

fracture toughness was investigated [2, 13]. A moderate increase of the toughness was 

recognized, which was attributed to the presence of residual stresses and crack tip blunting by 

deformation induced defect structures. 

In the present paper, the effect of a mechanical surface treatment by roller indentation on the 

fracture toughness of duplex and nearly lamellar TiAl alloys has been investigated. The 

compressive residual stresses left by the indentations are thought to favourably alter the 

constraint conditions at the crack tip so that the crack driving force decreases and the fracture 

toughness increases. However, indentation could inadvertently introduce flaws and residual 
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tensile stresses, which may support crack initiation and propagation [14]. Given this dual role 

of residual stresses, proper characterization of their values and effects on crack initiation is 

vital. Thus, fracture toughness testing was combined with X-ray analysis of the stress state 

introduced by the roller indentations and micro-mechanical modelling of the experiment. The 

investigation is believed to be of general interest because the influence of local deformation 

on the fracture behaviour is of fundamental importance for accurate and reliable structural 

integrity assessment of components and structures.  

 

 

2. Experimental Details and Numerical Modelling 

2.1. Alloys investigated and preparation of fracture toughness specimens  

 

The composition and major constitution of the alloys investigated are briefly described in 

Table 1.  

 

Table 1 

Composition and constitution of the alloys investigated. 

 

No. Composition (at. %) Major Constitution  

1 Ti-47.5Al-5.4Nb-0.4W-0.2B-0.2C (VAR) (TiAl), 2(Ti3Al) 

2 Ti-45.6Al-7.7Nb-0.2C (VAR) (TiAl), 2(Ti3Al), /B2, B19 

3 Ti-45Al-8.5Nb-0.2W-0.2B-0.1-C-0.05Y (PAM) (TiAl), 2(Ti3Al), /B2, B19 

 

The alloys were produced by triple vacuum arc re-melting (VAR) or plasma arc melting 

(PAM) and consolidated by canned hot extrusion at about 1230 °C [11]. Cylindrical sections 

of the extruded bars 30 mm in length were either subjected to the thermal treatments T1 or T2, 

with 

T1: annealing at 1030 °C, 2 hours; furnace cooling, 10 hours 

T2: annealing at a temperature T=T−20°C for 30 min; quenching in a forced air 

stream; annealing at 810 °C, 6 hours; furnace cooling, 10 hours. T is the alpha-transus 

temperature. 

Treatment T1 resulted in a duplex microstructure in which the lamellar and equiaxed 

constituents are present in a banded morphology. The banded structure is attributable to the Al 

and Nb segregation in the VAR ingots, which occurs during their peritectic solidification [15]. 

After extrusion, the concentration of these elements still varies on a length scale of about 1 

mm, which is comparable to or slightly smaller than that of the cast material. The duplex 

material exhibited a light preponderance of  grains with an <111> orientation parallel to the 

extrusion direction [15]. Apart from the (TiAl) and 2(Ti3Al) phases, alloys #2 and #3 

contained significant amounts of /B2 phase with a body centred cubic (bcc)/simple cubic  
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Fig. 1. Microstructure and sample orientation. Scanning electron micrographs in the 

backscattered electron mode showing the microstructure of alloy #3; the extrusion direction is 

indicated below. (a) Banded duplex microstructure and (b) nearly lamellar microstructure. (c) 

Orientation code of the chevron ligament with respect to the extrusion direction: TT - crack 

front and crack propagation direction perpendicular to extrusion direction, LT - crack front 

parallel and crack propagation direction perpendicular to extrusion direction, TL - crack front 

perpendicular and crack propagation direction parallel to extrusion direction. 
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(sc) structure and an orthorhombic phase that could be attributed to the B19 (oP4, Pmma) or 

oC16 (Cmcm) structure [16, 17]. The orthorhombic phase has a close structural relationship to 

the D019 structure of 2(Ti3Al) [16, 17]. Treatment T2 resulted in a nearly lamellar 

microstructure. Figure 1 shows these two microstructures as observed by scanning electron 

micrographs in the backscattered electron mode. 

 

2.2. Fracture toughness testing 

 

For characterizing the effects of residual stress on the fracture toughness, three types of 

samples were prepared. 

 

(i) Blanks cut from the extruded and heat treated alloys were machined into bending bar 

specimens of nominal dimensions W=5.5 mm, B=4.5 mm and L=26 mm. A chevron notch 

with an angle of about 54° was cut into the samples by electrical-discharge machining 

utilizing a 50 m diameter wire. The apex of the chevron was positioned at a depth of 

a0/W=0.2. The definitions of specimen geometry terms are illustrated in Fig. 2a. The plane of 

the chevron ligament was differently oriented with respect to the extrusion direction, as 

specified below and in Fig. 1c. 

 

Orientation TT: Crack front and crack propagation direction perpendicular to extrusion 

direction 

Orientation LT: Crack front parallel and crack propagation direction perpendicular to 

extrusion direction 

Orientation TL: Crack front perpendicular and crack propagation direction parallel to 

extrusion direction. 

 

(ii) A second set of samples was produced in the same manner but locally deformed by 

cylindrical indents performed in the neighbourhood of the chevron notch. Two steel rollers of 

5 mm diameter were sequentially impressed with a force of Fi=8 kN and their long axis 

parallel to the chevron ligament (Fig. 2b). The rollers were made of hardened tool steel with a 

hardness in excess of that of the TiAl alloys, in order to minimize their deformation. 

 

(iii) A third set of chevron notched samples was roller-indented as described above and 

subsequently annealed at 700 °C for two hours.  

 

The fracture toughness was determined by performing bending tests on the chevron notched 

specimens and using expressions for the stress intensity factor, KIc, in terms of the maximum 

load observed and the specimen geometry. Upon loading, a crack should initiate at the 

chevron apex because the local stress intensity is very high. There is, therefore, no need to 

pre-crack the specimen, which is a tedious task in brittle materials like TiAl based alloys. 

Once nucleated, the chevron ligament presents an increasingly larger front to the advancing 

crack; thus, forcing the crack to extend in a stable manner on a desired plane. The specimens 

were loaded in three-point bending with a span of s=16.5 mm. Tests were carried out at room  
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Fig. 2. Determination of the fracture toughness. (a) Schematic drawing showing the loading 

geometry in three-point bending of a chevron-notched bar. (b) Roller indentations performed 

on both sides of the chevron ligament. 

 

temperature in air at a constant cross-head speed of vm=0.01 mm/min under displacement-

controlled testing conditions. Graphs of load versus deflection were recorded (Fig. 3); and the 

fracture toughness was calculated from the maximum load Fmax and the corresponding 

minimum value of the geometrical compliance function 



Ymin


 for three-point bending using the 

equation [18] 
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Fig. 3. Load-deflection traces obtained by testing as-received specimens of the lamellar form 

of alloy #3, in (a) the TL and (b) TT direction of the chevron ligament. Tests performed at 

room temperature and loading rate vm=0.01 mm/min. The samples were unloaded at 

deflections beyond the load maximum; note that unloading does not cause a return to the 

origin. Dashed lines indicate unstable crack growth. The detail inserted in (a) shows the 

departure from linearity below the maximum load point in the fracture test.  

 

2.3. X-ray analysis 

 

The deformation field produced by the roller indentations was characterized by X-ray 

diffraction analysis. The investigations were performed on alloy #1 at the HZG beamline 

HARWI II at the DORIS III synchrotron source at DESY, Hamburg. The diffraction set-up is 

defined with respect to Fig. 2a; the origin of the coordinate system is located at the chevron 

apex. The incident beam with a cross section of 0.5×0.5 mm
2
 was parallel to the x direction. 

The X-rays had a photon energy of 70 keV (corresponding to a wavelength of 0.177 Å), in 

order to penetrate the 4.5 mm thick sample. Line scans with a step width of 0.5 mm were 

carried out in the z direction within an x-z plane involving the chevron apex. The diffraction 

signals were collected using a Mar 345 image plate, positioned at a distance of 1198 mm from 

the specimen; the exposure time was 1 second. The FIT2D software was used to extract 20° 

wide sectors from the diffraction image at 0°, 90°, 180°, und 270° and to calculate the 

corresponding diffraction patterns [19, 20]. Full pattern fitting was performed with the Maud 
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software [21]. The mean value of the lattice parameters for 0° and 180° (z direction) as well as 

90° and 270° (y direction) was calculated. 

In X-ray diffraction strain analysis, residual strains are usually classified according to the 

scale over which they self-equilibrate [22]. This differentiation is important because the 

strains occurring on different length scales can have different origins: 

 ● residual macroscopic strains are homogeneous over a large number of grains and 

    associated with macroscopic stresses of the first order (type I stresses). These strains 

    are often produced by mechanical and thermal treatments due to heterogeneous 

    deformation of different parts of the body. 

● intergranular strains represent the spread of the interplanar spacings within the    

    grain interior and are usually associated with residual stresses of the second order         

    (type II stresses). The second order strains, also called incompatibility strains, occur          

    because of the variation of the elasto-plastic properties within the grains. Significant 

    type II strains usually exist in multiphase materials. 

 ●intragranular microstrains are continuous over some interatomic distances and  

   usually associated with residual stresses of the third order (type III stresses). The 

   third order strains originate from local strain fields around dislocations or other    

   lattice defects.        

In the present study, the residual strains were characterized by the shift and widths of the 

diffraction peaks, respectively. The peak shifts are usually attributed to type I and average 

type II strains for a particular grain set. Peak broadening is associated with type III strains. In 

the TiAl alloys investigated, several processes occur that may cause peak shifts or peak 

broadenings and superimpose themselves in a complicated manner. For brevity, in the 

following text, the residual strains determined from the peak shifts are called macrostrains 

and those determined from peak broadenings are called microstrains. The evaluation of the 

type III microstrains was based on Popa‟s line broadening model [23], which was 

implemented in the Maud software. 

The micro- and macrostrains of the  and 2 phases were independently determined, utilizing 

the room temperature lattice parameters as reference. The strains were converted into stresses 

according to [24] by utilizing the bulk elastic constants [25] listed in Table 2. As the strains 

produced by the roller indentations in the x direction are very small, plane stress conditions 

with x=0 were assumed.  

In tetragonal and hexagonal phases, diffraction analysis provides stresses for the lattice 

parameters a and c; these are a and c, respectively. Thus, the average stress acting in an 

individual phase has to be calculated as a weighted mean of the values determined for the a 

and c direction according to [26] 

 

σ = (2σa + σc)/3      (4) 

 

Table 2  
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Room temperature lattice parameters and bulk elastic constants of the stress-free (TiAl) and 

2(Ti3Al) phases utilized for the determination of the phase strains and stresses. E - Young‟s 

modulus, - Poisson‟s ratio [22]. 

 

Phase a (nm) c (nm) E (GPa)  

(TiAl) 0.406 0.411 172.9 0.238 

2(Ti3Al) 0.584 0.470 146.0 0.294 

     

In dual phase materials, bulk macrostresses are calculated as an average over the stresses in 

the two phases weighted with the phase volume fractions [27]. The investigations were 

performed on the as-received, unnotched material after heat treatment and on chevron-

notched bending bars. The instrumental error of the X-ray strain measurement is lower than 

3x10
–5

 strain. For comparison, the maximum values are about 8x10
–3

 strain. Thus, the 

instrumental error corresponds to an uncertainty in the stress level of less than 5 MPa.  

 

2.4. Numerical modelling  

 

Numerical modelling with the finite element (FE) program ABAQUS 

(http://www.3ds.com/products-services/simulia/products/abaqus/) [28] was performed in 

order to estimate the residual strains introduced into the chevron notched specimens by roller 

indentation and to assess the effect of the pre-deformation on the fracture toughness. The tri-

dimensional (3D) FE-model and the modelling sequence are illustrated in Fig. 4. The 

modelling sequence consisted of loading and unloading of the first steel roller (load Fi1, time 

steps 0-1-2), loading and unloading of the second steel roller (load Fi2, steps 2-3-4), and 

loading and unloading during the fracture toughness test (load Fc, steps 5-6-7). The specimen 

was pressed against a flat, rigid support during roller indentation; this support and the rigid 

indentation rollers were set as inactive during modelling of the fracture toughness test (steps 

5-7). The rigid, left and right roller supports for the fracture mechanics test were set inactive 

during roller indentation (steps 0-4). To get a comparison between the behaviour of pre-

deformed material and undeformed as-received material in the fracture toughness test, loading 

and unloading of the as-received material during steps 5-7 were modelled without the steps 0-

4. 

Half of the chevron notched specimen was modelled. The FE mesh consisted of a 

combination of linear hexahedral and tetrahedral elements; in total 719036 elements were 

used. The smallest element size at the notch tip was 1.825 µm; for comparison, the width of 

the chevron notch in the x-y plane was 50 µm, the notch radius 25 µm. Geometric nonlinearity 

was applied to allow for large deformations around the notch tip.  

In the FE-modelling, the TiAl-alloy was assumed as an isotropic elastic-plastic material with 

a nonlinear isotropic/kinematic hardening behaviour provided by ABAQUS in order to 

account for the strong Bauschinger effect of TiAl alloys [29]. The elastic behaviour of the 

 

 

http://www.3ds.com/products-services/simulia/products/abaqus/)
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Fig. 4. Set-up and modelling sequence for the numerical modelling of the effect of roller 

indentation on the fracture toughness. 

 

material was characterized by the Young‟s modulus E=172.9 GPa and the Poisson‟s ratio 

ν=0.238. A material model with two back stress pairs was applied to describe the cyclic 

hardening behaviour, see [30]. In order to determine the parameters of the material model, 

compression tests were performed as well as cyclic loading experiments for a cyclic strain 

amplitude of 2%, for details see [29]. The five cyclic hardening parameters were found by 

using a fitting procedure: the yield strength σYS=918 MPa, the 1
st
 back stress pair, C1=73000 

MPa and γ1=330, and the 2
nd

 back stress pair, C2=8200 MPa and γ2=6.2. After this fitting 

procedure, the modelled curves well reflected the experimental results. Examples of the 

resulting cyclic material behaviour for cyclic strain amplitudes of 2, 4 and 8% are shown in 

Fig. 5. For comparison, the corresponding curve for a 2% cyclic strain with only isotropic 

hardening is plotted. 
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Fig. 5. Combined, isotropic-kinematic hardening behaviour of the material during cyclic 

compression-tension loading with strain amplitudes of 2, 4 and 8% (solid lines). The 

behaviour of the material with isotropic hardening and a strain amplitude of 2 % is shown for 

comparison (dashed lines). 

 

3. Results and Discussion 

 

3.1. Residual macrostrains 

The residual macrostrains determined from the peak shifts are shown in Figs. 6 and 7. There 

is a significant fluctuation of the macrostrains in the as-received, undeformed material due to 

local variation of the alloy composition and microstructure, as described in Sect. 2.1. This 

additional experimental error was defined by the difference in strain measured in the as-

received material far away from the indentation; it was found to be approximately 2x10
-4

 

strain for the  phase and 5x10
-4

 strain for the 2 phase.  

Under each indentation, the strains extend over about one millimetre in the z direction, which 

roughly defines the width of the plastically deformed zone. It is understood that the amount of 

inelastic straining in this zone is constrained by the surrounding elastically deformed material. 

Subsequent release of the applied load after indentation gives rise to a shape misfit between 

the indentation zone and the rest of the material. This results in a residual elastic strain field, 

which is balanced by bulk residual strains of opposite sign. A grain situated in the 

deformation zone is constrained to undergo the superimposed deformation, since it must 

remain in contact with and accommodate the shape change of its neighbours. The strain 

accommodation may occur elastically or plastically, depending upon the inherent anisotropy 

and orientation of the grain to the applied stress field.  
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Fig. 6. Residual macrostrains produced in the  phase by roller indentations. Directions y and 

z are defined in Fig. 2. Unnotched and chevron-notched bending bars; duplex form of alloy #1 

in the TT orientation. The curves a and c denote the strains along the <a> and [c] axes of the  

phase. 

 

The macrostrains present in the 2 phase are partially higher than those in the  phase; and, 

for each of the two phases, the extent of the strains depends on their crystallographic 

orientation. This unequal strain partitioning can be rationalized by considering the disparity 

between the elasto-plastic properties of the alloy constituents. The  phase deforms by 

octahedral glide of ordinary dislocations and superdislocations; deformation can also be 

supported by mechanical order twinning along 1/6<11 2 ]{111} planes [12]. In principle, these 

glide modes provide the five independent slip systems, which in terms of the von Mises 

condition [31] are required for a general plastic shape change. However, in (TiAl) the 

superdislocations experience a high glide resistance, impeding shear with [c] components of 

the L10 unit cell. This lack of <c> glide may in part be compensated by mechanical twinning 

[32].  

Glide of the 2 phase is even more restricted because it shows a strong preponderance for 

prismatic slip with 1/3<11 2 0> Burgers vectors (<a> glide), whereas slip with [c] component 

shear vectors (<c> glide occurring on pyramidal or prism planes) of the hexagonal D019 unit 

cell is virtually impossible [33]. Furthermore, (2+) alloys contain a significant amount of 
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Fig. 7. Residual macrostrains produced in the 2 phase by roller indentations. Directions y and 

z are defined in Fig. 2. Unnotched and chevron-notched bending bars; duplex form of alloy #1 

in the TT orientation. The curves a and c denote the strains along the <a> and [c] axes of the 

and 2 phase. 

 

oxygen, nitrogen or carbon, which partition preferentially to the 2 phase. Thus, in (2+) 

alloys the 2 phase may be harder, and the  phase may be softer than their isolated 

counterparts [34]. Taken together, these factors make the 2 phase of (2+) alloys more 

difficult to deform than the  phase, a fact that was experimentally recognized for all 

microstructures [2]. Furthermore, lamellar colonies exhibit a remarkable morphological 

anisotropy, which results in anisotropic yield behaviour [35]. Plastic shear parallel to the 

lamellae is easy, but difficult when it is forced to occur across the lamellar interfaces. Thus, 

duplex titanium aluminide alloys are expected to deform very inhomogeneously, a fact that 

was rationalized by a detailed modelling study of Brockman [36] and confirmed by a recent 

experimental study [37]. Given these arguments, the orientation dependence of the residual 

strains on the crystallographic orientation can be rationalized.  

The strains were determined from various grain families with a multitude of glide systems. 

For example, the strain component z sampled in the  phase involves the contributions of, at 

least, three grain families: families 
1
 and 

2
 have the <a> axis parallel to the z direction and 

are suitably oriented for ordinary slip. Family 
3
 has the [c] axis parallel to z direction and can 

only deform by super slip or order twinning. There are also other  grain orientations that 

were sampled for z, which, however, are unfavourably oriented for ordinary slip. The 

contributions of 2 grains to z are provided by two grain families: family 2
1
 has

 
its [c] axis 
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parallel to the x direction and is thus suitably oriented for prism glide. Family2
2
 has its [c] 

axis parallel to the z direction and could only deform by <c> type glide. It is expected that 

family 2
1
 exhibits some plasticity, whereas family 2

2
 is only elastically deformable. It 

should be noted that the stress states of individual grains are expected to be altered by the 

constraints of the surrounding grains, thereby rendering the local Schmid factors somewhat 

more approximate.  

During indentation, all the grain families are under tension; however, there is a large strain 

mismatch z between the elastically and the elastically plus plastically deformed grains. 

Upon unloading, relaxation of the strain misfit occurs. However, full elastic expansion of the 

hard grains (families 
3
 and 2

2
) is hindered by the plastically deformed weak grains (families 


1
 and 

2
). Thus, after unloading, families 

1
 and 

2 
with the <a> axis parallel to the z direction 

are set under residual compression (Fig. 6b). The little deformed 2 grains (in particular 

family 2
2
) remain under residual tension (Fig. 7b). It should be noted that a significant 

difference in the residual strains was also recognized between the grain families 
1
 and 

2
 

(both are oriented for <a> glide) on one side, and 
3 

(oriented for <c> glide) on the other side 

(Fig. 6b). This fact again indicates that <c> glide of the  phase is difficult.  

For the strain component y of the  phase, with the same reasoning, one would expect a 

residual compressive state of the {a} planes, as observed for the unnotched sample (Fig. 6c). 

It is interesting to note that, unlike the strains in the z direction, also the (c) planes remain 

under compression. A factor that could account for this modification of the strain profile is the 

high hydrostatic stress state directly beneath the contact area with the indenter. For the 

indentation geometry shown in Fig. 2b, this so-called Hertzian stress was calculated to be 

H=1400 MPa, utilizing the software provided in [38] and the elastic constants of TiAl and 

hardened steel. The highest value of the equivalent stress eq  appears below the contact area 

at a depth of approximately half of the contact radius, with a magnitude of 0.6eq H  . 

Therefore, deformation mechanisms with a critical resolved shear stress higher than that for 

ordinary slip could be activated in this region, which makes shear with <c> components 

possible. Potential mechanisms are superlattice slip, abundant mechanical twinning or glide 

on slip planes other than {111}. For the strain component y of the 2 phase, one would 

expect a residual compression state of the {a}planes, as seen in the notched and unnotched 

specimen (Figs. 7c and 7d). It is obvious that the presence of the chevron notch prior to the 

roller indentations strongly affects the residual strain profiles. It might be expected that the 

glide processes in between the two indentations are affected by the chevron notch. Also, the 

observed effect could in part be caused by the complex notch geometry.  

The macrostresses calculated from the macrostrains for the z and y directions are given in Fig. 

8. Accordingly, the apex of the chevron notched ligament is subjected to a complex state of 

residual stresses. Significant compressive stresses occur in the  phase in the z direction and in 

the 2 phase in the y direction. In the other cases, residual tensile stresses are present. The 

observed unequal strain partitioning between the  and 2 phases is, in broad terms, consistent 

with published data. By X-ray analysis, Guo et al. [39] determined the phase stresses present 

in a duplex (+2) alloy after uniaxial room temperature tension. The 2 phase was found to 
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Fig. 8. Average macrostresses produced by roller indentations in the  and 2 phase. 

 

be under residual tensile stresses of 150 to 350 MPa; whereas the  phase was under residual 

compression of -150 to -50 MPa. The absolute magnitude of these phase stresses was found to 

increase with increasing volume fraction of lamellar grains. After room temperature 

compression of polysynthetically twinned (PST) crystals, Riemer et al. [40] recognized 

residual tensile stresses in the 2 phase and compressive stresses in the  phase.  

 

3.2. Residual microstrains  

 

The microstrains determined in the  and 2 phases from the change of the peak width are 

shown in Fig. 9.  The microstrains are remarkably high; the maximum value max should be on 

the order of UT/E, with UT as the tensile strength. Given UT=820 MPa for alloy #1 and the 

elastic moduli listed in Table 2, the values of UT/E are 0.0047 for the  phase and 0.0056 for 

the 2 phase, which are consistent with the observed microstrains. It should be noted that 

microstrains are also seen in the chevron ligament.  

Diffraction peaks may broaden by inhomogeneous elastic strains which occur at the atomic 

level and are balanced over appropriate small distances. For the  phase, the observed peak 

broadening is not surprising because suitably oriented  grains can easily deform by slip and 

twinning modes. The deformation structure of  (TiAl) involves dislocations, debris and 

mechanical twins, [32, 41], which are all sources for local distortion and inhomogeneous 

strain. However, the microstrains observed in the 2 phase are about twice as large as those 
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Fig. 9. Microstrains in the  and 2 phase beneath the roller indentations determined from the 

peak width. Directions y and z are defined in Fig. 2. Duplex form of alloy #1 in the TT 

orientation.  

 

observed in the  phase. This observation suggests that also the 2 phase was heavily 

deformed. This finding apparently conflicts with the assumptions made in discussing the 

macrostrains (Sect. 3.1) and implies that peak broadening was produced by processes other 

than dislocation glide. Possible sources of inhomogeneous elastic straining that could limit the 

spatial extent of the coherent scattering volume in the 2 phase will now be discussed.  

In the lamellar morphology coherency strains occur due to the differences in crystal structure 

and lattice parameters. There is a biaxial tension in  and a biaxial compression in 2 because 

the atomic spacings in 2 are larger than in . Furthermore, the  phase has to be sheared to 

three-fold symmetry to match the six-fold symmetry of 2. This produces shear strains of 

opposite signs in the adjacent 2 and  lamellae. In very thin lamellae, the misfit can be solely 

taken up by elastic distortion; for 2 lamellae, the critical thickness is in the nanometre range 

[42]. In thicker lamellae, the misfit is partially taken up by interfacial disconnections, 

meaning defects which have both dislocation- and step-like character [43]. The separation 

distance of the disconnections is in the range of a few nanometres. Thus, the coherency strains 

fluctuate at an appropriate fine scale and may broaden the diffraction peaks. This reasoning 

explains why microstrains are also present outside the indentation zone, i.e., in undeformed 

2. It should be noted that the coherency stresses determined by electron microscope methods 

[44, 45] are consistent with the microstrains measured in this study. The disconnections are 

expected to propagate during indentation, as their dislocation content is sensitive to applied 

stresses. Because of the step character, disconnection motion may also accomplish 2   
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transformations, which could be triggered during indentation by the superimposed high 

hydrostatic stresses. Thus, the coherency stresses are altered within the indentation zone, 

which enhances peak broadening. It should be noted that this reasoning also holds for 

semicoherent / interfaces and could contribute to the microstrains observed in the  phase.  

Inhomogeneous elastic straining of the 2 phase may also occur in order to maintain strain 

continuity in the (2+) assembly. The importance of this factor was pointed out by Kishida et 

al. [46] in their deformation analysis of PST crystals. There are various processes that occur at 

an appropriately fine scale. For example, the  phase of lamellar grains has a domain structure 

of different orientation variants and thus deforms inhomogeneously, giving rise to an overall 

wavy morphology. In high strength alloys the width of the  domains can be as small as some 

tens of nanometers. An 2 lamella sandwiched between such  lamellae is constrained to 

adopt this morphology by local elastic bending, which leads to a fluctuating elastic strain. 

Shear through thin 2 lamellae can also be elastically mediated, when the 2 lamellae are 

unfavourably oriented for prism slip and impinged by local plasticity of adjacent  phase. The 

mechanism was proposed in [47] and confirmed by electron microscope observations [2]. The 

process produces a thin zone of high elastic strains within the 2 phase. The lamellar structure 

also tends to buckle if the lamellae are nearly aligned with the compression axis [48]. The 

strains occurring in the regions of highest local bending often exceed 10 % and lead to 

spheroidization and dissolution of the 2 lamellae. All these processes are expected to lead to 

a local variation of the lattice parameters and may, thus, contribute to peak broadening. 

 

3.3. Fracture toughness of the as-received material 

 

The fracture behaviour of the extruded and heat treated materials will be demonstrated on 

alloy #3 with lamellar microstructure, which is also typical for the other materials. The 

collected data of the alloys investigated is summarized in Table 3. 

The load-deflection recordings shown in Figs. 3a and 3b have the characteristic form expected 

for the chevron notch technique: The load first increases monotonically with increasing 

deflection to a maximum load and then decreases, before the specimen is unloaded. All the 

records exhibit in the rising part a smooth change in specimen compliance at about 1/2 to 2/3 

of the maximum load, which indicates that crack growth initiates at this load. Due to the 

chevron notch, the length of the crack front increases with increasing crack length (Fig. 2a), 

which leads to a decrease of the crack driving force (or the stress intensity factor KI). 

Therefore, the crack grows in a stable manner until the maximum load Fmax, a point at which a 

critical crack length ac is reached. Beyond this point the crack would propagate unstably if the 

test was performed under load control. Under displacement control, stable crack growth is 

possible beyond Fmax, depending on the machine compliance. Generally, a stiff machine is 

required to assure that the conditions for unstable crack growth are not reached. For the as-

received materials investigated in the present study, this condition was usually satisfied, e.g. 

for all specimens of alloy #3 in the TL orientation (Fig. 3a). Only two of the specimens in the 

TT orientation showed limited unstable crack extension, indicated by a dashed line in Fig. 3b. 

Thus, catastrophic failure leading to complete separation of the specimen very seldom 

occurred. In the present study, the common test practice was to unload the specimen after 

reaching a certain deflection well beyond the load maximum. It can be seen that the 



18 
 

 

Table 3     

Fracture toughness KIc measured at room temperature; n - number of measurements, S -

standard deviation.  

Sample orientations:  

TL - crack front perpendicular and crack propagation direction parallel to extrusion direction 

TT - crack front and crack propagation direction perpendicular to extrusion direction 

LT- crack front parallel and crack propagation direction perpendicular to extrusion direction 

 

Pre-treatments: RI - roller indentation, A - annealing 700°C/4h.  

 

Alloy Microstructure Orientation Pre-treatment   KIc (MPa√m) S n 

 

1  

 

duplex 

 

      TT 

- 9.10 0.143 4 

RI 14.60 0.893 4 

RI+A 10.71 0.473 4 

 

 

2  

 

nearly lamellar 

TL - 9.18 0.156 3 

TT - 14.22 0.955 9 

TT RI 18.10 1.696 6 

 

 

 

 

 

 

 

 

 

 

3 

 

 

 

 

 

 

 

 

 

 

 

 

nearly lamellar 

 

 

 

TL 

 

- 13.43 1.073 7 

RI 17.50  1 

RI+A 13.85  1 

 

TT 

 

- 17.70 0.832 12 

RI 22.10  1 

RI+A 20.03  1 

LT 

 

- 12.39 1.233 7 

RI 17.26  1 

RI+A 15.43  1 

 

 

 

 

duplex 

 

 

 

TL 

 

- 9.29 0.207 7 

RI 12.22  1 

RI+A 9.52  1 

 

TT 

 

- 12.85 0.434 7 

RI 16.87 1.133 5 

RI+A 12,82 1.294 2 

 

LT 

 

- 9.80 0.400 7 

RI 13.05  1 

RI+A 10.43  1 

 

 

compliance, i.e., the inverse slope of the load-deflection curve, during the initial stages of 

unloading is significantly higher than during the final stages of loading before reaching Fmax. 

This difference cannot be explained by (small) plastic deformation during loading and 
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suggests that stable crack extension also occurred during the decreasing branches of the load-

deflection curves. It should be noted that the unloading curves do not return to the origin. This 

is clear evidence for the non-linear behaviour of the specimens; dissipative processes, such as 

plastic deformation, must have occurred. Post mortem examination of the specimens showed 

that the crack path remained within the notch plane for all tests. 

The average fracture toughness values of the alloys determined from the maximum load are 

listed in Table 3 together with their standard deviations. There is a clear difference in the 

fracture toughness for crack propagation in the TL and TT directions (Fig. 1c). The Student‟s 

t-statistical test [49] of this data demonstrated that the differences in KIc values between the 

orientations TT and TL or TT and LT, respectively, were „highly significant‟ in statistical 

terms. For example, for the TT and TL values of the duplex form of alloy #3, a value t=19.6 

was calculated, which, for a population of seven data, is related to a very low probability 

(P<0.0001) of the data belonging to the same population. However, the mean values 

determined for the TL and LT directions were not significantly different.The influence of the 

extrusion direction on the fracture toughness can be rationalized on the basis of published 

literature data. For TiAl alloys it is well established that the room temperature toughness is 

highly sensitive to microstructure. Fully lamellar alloys with randomized colony orientations 

exhibit the best toughness with KIc=25-30 MPam [2, 8, 9]. However, there is a marked effect 

of the lamellae orientation on the crack growth resistance. A high crack growth resistance and 

acceptable toughness are obtained when the crack is forced to traverse the lamellar laths  

(translamellar fracture). Conversely, crack growth along the lamellae (interlamellar fracture) 

is easy, resulting in poor toughness [6, 8, 9]. The toughness of duplex alloys decreases with 

increasing volume fraction of equiaxed  grains [ 8, 9, 50]. Clearly the presence of  grains 

degrades crack growth resistance as they fail by intergranular cleavage decohesion. Single-

phase  alloys are brittle compared with (2+) alloys and exhibit very low toughness [7-9]. In 

the banded microstructure, the  grains are elongated in the extrusion direction and the 

lamellar planes of the colonies are parallel to the extrusion direction. Crack propagation 

parallel to the extrusion direction involves a relatively large amount of transgranular and 

intralamellar fracture, resulting in a relatively low toughness. Conversely, crack propagation 

perpendicular to the extrusion direction involves a significant amount of translamellar 

fracture, resulting in a much more tortuous crack path and higher toughness.  

Another characteristic feature of the tests records, regardless of sample orientation, are “pop-

in” events; meaning sudden load drops associated with an increase in displacement and 

followed by a change in specimen stiffness (see arrowed detail in Fig. 3a). Subsequently, the 

force increases again above the level prior to the pop-in event. A pop-in event might be 

attributed to initiation of crack growth in a local brittle zone followed by re-arresting the 

crack. In a chevron test, the resistance to crack initiation and propagation certainly depends on 

the local microstructure at a critical distance ahead of the crack tip. Therefore, depending on 

whether equiaxed  grains or lamellar colonies are sampled at the crack tip, the resistance to 

crack propagation may locally vary. Fast crack advance, associated with a pop-in event is 

expected when the crack front meets structural features that allow transgranular or 

intralamellar cleavage fracture. These are layers of fine  grains or groups of aligned and 

unfavourably oriented colonies. However, as crack propagation takes place only locally, the 

pop-in events are associated with non-catastrophic crack growth prior to failure. All in all, the 
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observation of pop-in events reflects the extreme sensitivity of brittle crack growth in TiAl 

alloys to many types of microstructural perturbations.  

  

3.4. The effect of roller indentation on fracture toughness 

 

Test records of roller-indented samples are shown in Fig. 10a. The data indicates a significant 

increase in the toughness of about 30 %, as confirmed by the Student‟s t-test.  Consulting 

Table 3 reveals a similar trend for the other alloys investigated. During the initial loading of 

the roller-indented specimens, departure from linearity occurred at higher loads, i.e., the onset 

of stable crack growth started later. This was confirmed by a series of loading/unloading 

cycles performed on as-received and roller-indented specimens, with gradually increasing the 

load level up to the maximum force (Fig. 10b). For both as-received and roller-indented 

specimens, the loading/unloading cycles were fully reversible at low loads. Deviation from 

linearity in the rising part of the cycle is always coupled with a significant hysteresis during a 

loading-unloading cycle. The area involved in the record of an irreversible cycle basically 

reflects the energy that is required for the local plasticity in the vicinity of the crack tip and to 

advance the crack. There are several mechanisms that may contribute to this effect. 

The onset of crack growth in the roller indented specimen could be retarded by the 

compressive residual macrostresses at the chevron notch (Sect. 3.1). These stresses may shield 

part of the tensile stress produced upon loading, thus reducing the effective stress intensity. 

Also, once nucleated, a crack is more difficult to open under a compressive residual stress. 

However, this shielding effect is difficult to assess quantitatively because of the unequal strain 

partitioning between the  and 2 phases and the plastic anisotropies of these phases. More 

details will be discussed together with the modelling results provided below. 

Another factor for improving the toughness is the change of the strain path between roller-

indentation and toughness testing because the two loading modes are quite different. In a 

recent study [29], the effect of strain reversal was investigated by Bauschinger tests. These 

investigations were performed on one of the alloys (alloy #2, Table 2) used in the present 

study. Accordingly, strain reversal between compression and tension is characterized by a 

remarkable transient softening, i.e., there is a smooth transition between the pure elastic and 

elasto-plastic deformation, but no permanent softening. The effect was attributed to the 

development of residual back stresses in the forward segment of the test. The back stresses are 

directional in character, i.e., they aid plastic flow if the straining direction is reversed. This is 

unlike the behaviour that would be expected based on isotropic hardening. The directional 

back stresses are manifested by significant (plastic) backward flow, which occurs upon 

unloading. The effect is certainly supported by the presence of fresh dislocations that were 

produced during forward glide. This reduces the requirement to activate new dislocation 

sources. After full unloading, the backward flow is about u=10
-3

. During reversed loading, 

the residual stresses are further relaxed, thereby supporting deformation in the reversed 

direction. The transition stress between the pure elastic and elasto-plastic deformation is only 

16% of the flow stress measured in the forward segment of the test, meaning reversed plastic 

deformation starts very early in the backward segment of the Bauschinger test.  
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Fig. 10. The effect of roller impressions on the room temperature fracture toughness. (a) 

Load-deflection traces obtained by testing as-received specimens and roller-indented 

specimens. Note the unstable crack growth (dashed curves) after the load maximum. Duplex 

form of alloy #3 in the TT orientation. (b) Loading/unloading cycles performed on as-

received and roller-indented bending bars, with gradually increasing the load level up to the 

maximum force. Nearly lamellar form of alloy #2 in the TL orientation. 

 

This behaviour is also reflected by the kinematic hardening behaviour of the isotropic material 

model used in the numerical simulation, see Fig. 5. Regions of the material that are first 

loaded in compression experience a reduction of the yield stress when they are subsequently 

loaded in tension. During toughness testing of a roller-indented specimen, a similar reversion 

of the strain pattern within the indentation zone may occur. This leads to early blunting of the 

crack tip and enhances local plasticity at the chevron notch, which eventually retards the onset 

of crack propagation, see the discussion below.  
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Crack propagation could also be hindered by interactions of the crack tip with the defects 

produced by the indentations. In a previous study, it has been shown that individual 

dislocations can deflect cracks [5]. Likewise, a cleavage crack following an {111} plane and 

intersecting a twin could be deflected at a twin/matrix interface. Such mechanisms make the 

crack path more tortuous and are expected to enhance the toughness. Energy dissipation is 

also expected when a crack intersects screw dislocations. At each screw dislocation, the 

fracture surface receives a step whose height is equal to the Burgers vector of the dislocation. 

The formation of such steps requires a substantial surface energy, which could stabilize crack 

growth. The deformation field under the roller indentation is, on the other hand, very 

inhomogeneous, giving rise to the assumption that many dislocation pile-ups and terminated 

twins are formed. Dislocation pile-ups tend to propagate shear in a locally unstable manner, as 

was pointed-out by Hirth [51]. For example, edge dislocation pile-ups produce stress 

concentrations that would tend to propagate a pure mode-II crack, while screw dislocations 

would promote a pure mode-III crack. However, the net effect of the deformation structure 

seems to enhance fracture toughness. This is in accordance with a previous study [2], which 

has shown that a homogeneous pre-compression enhances the room temperature fracture 

toughness by about 15 %. In this context, it is interesting to note that roller indentations seem 

to compromise the overall stability conditions of the chevron sample. Unlike the situation in 

the as-received material, in the roller-indented samples the crack often runs in an unstable 

manner after the load maximum, as indicated by the steep negative slope of the recordings 

(Fig. 10a). The strain energy release rate is apparently so high that the crack velocity 

instantaneously increases. This acceleration may occur when the crack has escaped from the 

compressed layer at the chevron apex and then propagates in a rising K field. 

 

3.5. Results of the numerical analyses  

 

The results of the FE modelling are shown in Fig. 11. Presented are the profiles of the stress 

σz and strain εz perpendicular to the notch plane, compare Fig. 4. The full green curves in Fig. 

11 show the residual stresses and strains after unloading from pre-deformation and before 

starting the fracture toughness test. The compressive residual strains continuously increase 

with decreasing distance to the notch tip y (Fig. 11b). The maximum compressive residual 

stress res 400 MPa  z  occurs at a distance of approximately 0.25 mmy  from the notch tip 

(Fig. 11a). The residual stress increases with decreasing distance to the notch tip so that it 

becomes positive and reaches a value of about res 900 MPa z  directly at the chevron apex. 

For comparison, a 2D FE computation under plane strain conditions was performed for a 

specimen with a straight notch front parallel to the x-axis, see the green dot and dash line in 

Fig. 11a. In this 2D-computation, no tensile residual stresses appear at the notch tip and the 

location of the maximum compressive stress lies much closer to the notch tip, at 0.02 mmy  . 

Therefore, it is concluded that the tensile residual stresses at the tip of the chevron notch are 

caused by plastic deformation during the pre-deformation. Furthermore, another numerical 

simulation indicated that a symmetric, simultaneous indentation of the two cylindrical rollers 

would have led to considerably higher compressive residual stresses than shown in Fig. 11a; 

however, this was not possible with the current experimental set-up. 
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Fig. 11.  Effect of roller indentation on the stress and strain distribution in front of the notch 

tip. (a) stress perpendicular to the notch plane, (b) strain perpendicular to the notch plane. The 

lowest, green curves show the conditions after unloading from pre-deformation and before 

starting the fracture toughness test. Fc1 and Fc2 are typical maximum loads for the as-received 

and the pre-deformed material, respectively, taken from the experiments shown in Fig. 10a. 
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For numerical modelling of the fracture toughness tests, typical maximum loads were taken 

from the experiments shown in Fig. 10a. The critical loads were c1 329 NF  for the as-

received material and c2 421 NF  for the pre-deformed material. Modelling the fracture 

toughness test of the as-received material gave for the maximum load Fc1 a peak notch tip 

stress of 2800 MPa z , i.e., approximately three times the yield strength, which is reasonable 

for the situation in front of a sharp notch. With increasing distance y, the stress first decreases, 

followed by a short plateau region with 2250 MPa z  between 20 50 µm y . At higher 

distances y, the stress σz continuously decreases. The strain εz decreases continuously from a 

near-tip value of 11% z , and reaches the magnitude of the yield strain, 

YS YS 0.53 %  E , at a distance of 0.11mmy . 

The analysis of the pre-deformed material for a fracture load c2 421 NF  reveals a 

considerably higher peak stress at the notch tip of 3600 MPa z (red curve). However, at 

larger distances, 13µmy , the stresses become significantly lower than that of the as-

received material at the lower load Fc1 (thick black curve). The most significant difference 

between the pre-deformed and as-received material is that in the pre-deformed material the 

strains εz in front of the notch tip are strongly reduced (Fig. 11b). At the maximum load Fc2, 

the near-tip value is 5.2 % z (red curve), compared to z      for the as-received material  

at the load Fc1 (thick black curve). At larger distances, 20 µmy , the strain reaches the order 

of magnitude of the yield strain. The strains z are even mostly negative at the maximum load 

of the as-received material, Fc1 (blue curve).  

For an explanation of the positive effect of pre-deformation on the fracture toughness, it is 

helpful to recall the mechanism of transcrystalline cleavage fracture as outlined in [52]: Only 

in rare cases, “direct propagation” appears, i.e., the cleavage crack directly propagates from 

the tip of an existing pre-crack, as observed in [13]. Direct propagation is only possible, if the 

crack extends before the crack tip blunts significantly, since blunting leads to a strong 

reduction of the hydrostatic stress state in front of the crack tip. As already mentioned in the 

previous section, the kinematic hardening behaviour of the material promotes crack tip 

blunting by reducing the yield stress after reverse loading (Fig. 5). This makes the mechanism 

of direct propagation after compressive pre-deformation much more difficult. In the vast 

majority of cases, cleavage fracture occurs by the formation of a crack nucleus in front of an 

already existing crack or notch and by the growth of this nucleus forwards and backwards to 

the initial crack or notch [52]. A certain critical plastic strain is needed for the initiation of a 

crack nucleus, whereas a certain critical normal stress is needed for its propagation. Due to the 

high stress concentration at the tip of the chevron notch and the relative brittleness of the 

material, a crack is initiated during the fracture toughness test already at a rather low load. 

Subsequently, the crack remains stationary until a critical load is reached where cleavage 

fracture is re-initiated and the crack starts to grow again. From the curves in Fig. 11 it can be 

easily understood that at a load Fc1 the re-initiation of cleavage fracture in the pre-deformed 

specimen is much more difficult than in the as-received material: Since the strain εz is very 

low, the formation of a cleavage nucleus is almost impossible. A much higher load is required 

in order to reach the necessary critical plastic strain for the formation of a crack nucleus. In 

addition, the normal stress is a little smaller, which hinders the propagation of the nucleus. 



25 
 

A comparison with the experimentally measured residual macro stresses and strains shows 

that the computed values are significantly higher than the values measured by X-ray analyses 

(Fig. 8). This discrepancy can be explained by the relatively low spatial resolution of the X-

ray diffraction measurements, compare the scales of Figs. 6 - 9 to that in Fig. 11. On the other 

hand, the X-ray diffraction measurements have revealed the important fact of unequal strain 

partitioning (Section 3.1), which, of course, cannot be found in our modelling by assuming a 

homogeneous, isotropic material. This finding indicates that the compressive stress and strain 

components in z-direction in the  phase are accompanied by tensile stress components 

occurring in the 2 phase (Fig. 8). Thus, the results of the X-ray measurements and of the 

numerical modelling seem to complement each other very well.  

 

3.6. Temperature retention of the toughening effect 

 

Titanium aluminide alloys are considered for high-temperature applications with an intended 

service temperature of about 700 °C. Thus, the stability of the deformation structure and 

compressive stresses introduced by roller indentation against a thermal treatment was studied. 

To this end, the third set of samples was, after roller impression, annealed at 700 °C for two 

hours. Subsequently, fracture toughness tests were performed. Records of these tests are 

shown in Fig. 12; the data of all tests is given in Table 3. The clear result of these experiments  

 

 
 

Fig. 12. Effect of roller indentations and subsequent annealing on the fracture toughness.  

Duplex form of alloy #3 in the TL orientation; (1) as-received, (2) roller indented, (3) roller 

indented + annealed. 
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is that the increase of the fracture toughness by roller-indentation is almost removed by the 

annealing. The observation is reminiscent of findings about the thermal stability of defect 

structures produced in TiAl alloys by room temperature compression [41, 53]. These studies 

have shown that deformation-induced defect structures contain a high density of dislocation 

dipoles and debris, which were produced by jog-dragging screw dislocations. These defects 

were easily annealed out, which was associated to the recovery of the yield stress increment 

that was produced by the work hardening. The factors that promote fast recovery are the small 

defect volume of the dipoles and debris, an excess concentration of vacancies, and internal 

stresses set-up during work hardening. The defect structure produced by the roller 

indentations may exhibit similar defect characteristics, making it equally prone to recovery. It 

is worthwhile to note that the recovery of the maximum load in the toughness tests was 

associated with an increase of the slope of the load-deflection curve (Fig. 12), giving further 

evidence to believe that crack tip plasticity and strain reversion play an important role in the 

observed indentation effects on fracture toughness. 

This result is disappointing concerning the intended application of TiAl alloys at service 

temperatures around 700 °C. Nevertheless, a technical adaption of the method presented in 

this paper could enhance the load-bearing capacity of such components so that they can be 

handled and installed without damage. For applications below 400 °C, recovery of 

deformation structures is negligible [51]; a possible example for such a component is a  

connecting road in a reciprocating piston engine. A potential treatment for local pre-

deformation is roller burnishing. An experimental study performed by Lindemann et al. [54] 

on a -based TiAl alloy has shown that roller burnishing produces high compressive residual 

stresses in the surface layer, balanced by sub-surface tensile stresses. 

 

 

4. Conclusions 

 

Roller indentations parallel to the intended crack plane enhance the fracture toughness of TiAl 

alloys by about 30 %. X-ray diffraction measurements and numerical modelling have revealed 

that two main reasons are responsible for the effect: (i) The occurrence of residual macro- and 

microstrains in the majority alloy constituents (TiAl) and 2(Ti3Al), (ii) the reversion of the 

strain path in the indentation zone, in combination with kinematic hardening behaviour of the 

material. 

The main effect of the residual macrostrains is the reduction of the plastic strain, which 

hinders the formation of a cleavage nucleus in front of the notch tip. 

Reversion of the strain path has the effect of reducing the yield stress, which promotes crack 

tip blunting and hinders the propagation of a cleavage crack directly from the notch tip. 

The lattice macrostrains depend on the crystallographic direction and are significantly higher 

in the 2 phase. The effects are attributable to glide anisotropies in the  and 2 phases and to 

the coupled deformation of these phases. 
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The lattice microstrains observed in the 2 phase are about twice as large as those observed in 

the  phase, which in view of the low deformability of the 2 phase is surprising. The effect is 

probably caused by inhomogeneous elastic straining of the 2 phase, which is forced by 

coherency strains and the need to maintain displacement continuity in the (+2) phase 

assembly. 

The toughness improvement almost disappears, when the indented samples are subjected to 

annealing at 700 °C. The effect is probably caused by the recovery of the defect structure 

introduced by the indentation.  
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