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Abstract

The influence of simultaneously occurring gradients of crystalline phases, micro-
structure, chemical composition and strains on overall as well as local mechan-
ical properties of nanocrystalline thin films is challenging to understand. In this
work, cross-sectional structure-property relationships in a graded nanocrystalline
2 µm thick TixAl1−xN film were analyzed using in-situ bending tests on micro-
cantilevers in transmission electron microscope, synchrotron X-ray nanodiffraction
and nanoindentation. The results document that sub-micron depth variations of
fracture stresses, hardness and elastic moduli depend on phases, crystallite sizes,
crystallographic texture, Ti/Al ratio and residual strain. The local mechanical prop-
erties are primarily influenced by cross-sectional occurrence of binary and ternary
phases and their intrinsic properties. Secondly, the hardness and fracture stress
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gradients depend on cross-sectional microstructure, especially on the local crystal-
lite sizes and shapes as well as fiber textures. Two nucleation regions of cubic
TiN and hexagonal TixAl1−xN phases with globular shaped crystal sizes in the nm
range and relatively large in-plane residuals strains result in significantly higher
hardness and fracture stresses in comparison with a coarse-grained region consisting
of columnar cubic TixAl1−xN crystallites. The fracture behavior of cantilevers with
∼ 0.5×0.5µm2cross-section depends also on the apparent grain size whereby the nuc-
leation regions exhibit linear-elastic fracture in contrast to partly ductile response
of the region with elongated nanocrystals. Finally, the experimental data indic-
ate the possibility of mechanical optimization of nanocrystalline thin films through
cross-sectional nanoscale design.

1.1 Introduction

Nanocrystalline thin films exhibit size effects of physical properties that originate
from their small crystalline size [1] (typically below 100 nm) and high volume fraction
of grain boundaries [2]. Another important feature of the nanocrystalline films is the
presence of pronounced gradients [3], which are the result of (i) the gradual grain size,
crystallographic texture and strain evolution during the self-organized film growth
far from the thermodynamic equilibrium [4], (ii) the intentionally varying deposition
conditions resulting in the nanoscale modulations of microstructure and strain [5],
and (iii) the inhomogeneous thermal and/or mechanical loads induced during the
film service [6]. Consequently, in order to understand the structure-property rela-
tionships in nanocrystalline thin films, it is necessary to correlate local composition,
phases, microstructure and strain with local and overall physical properties.
Physical properties of thin films such as hardness, fracture toughness, electrical

and thermal conductivity are usually examined on the film surface [7]. The experi-
mental data obtained using such approaches do not provide the information on the
role of distinct thin film regions, such as nucleation zones, individual sublayers and
interfaces between them as well as graded regions on film functional behavior. This
is also the reason why the optimization of functional properties of nanostructured,
gradient and/or multi-phase films is in practice performed by a tedious variation of
film composition, residual stress state and microstructure.
Recently, several characterization techniques have been developed, which can be

used to assess thin film properties across the film thickness. Those were especially
depth-resolved nanoindentation of the film cross-sections [8], [9] and [10] and micro-
mechanical testing of miniaturized samples prepared selectively by the focused ion
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beam technique [11]. Another important step to analyze volume-representative mi-
crostructure and strain across thin films was the development of cross-sectional X-ray
nanodiffraction, which can be routinely applied with a lateral resolution of 50 nm
[12], [13] and [14]. Although the cross-sectional characterization of thin films is an
emerging field, studies correlating local microstructure with mechanical properties
are rare.
TixAl1−xN, used as hard protective thin film, represents one of the most invest-

igated systems in the recent 25 years. The mechanical properties depend primarily
on the Ti/Al ratio [15] and [16], microstructure and residual stress state [17]. The
main interest in TixAl1−xN, besides its superior oxidation resistance and hardness
compared to commonly used binary compounds such as TiN, originates especially
from the age hardening effect [18]. This is related to the spinodal decomposition of
the metastable face centered cubic (c) TixAl1−xN phase and formation of c-TiN and
c-AlN domains, whereby the latter transform subsequently into hexagonal (h) AlN
[18]. However, also in the case of TixAl1−xN films, it is currently not known, how
the film cross-sectional gradients of microstructure and strain formed due to (i) the
self-organized film growth and (ii) the variation of deposition conditions relate to
the film cross-sectional structure-property relationships and further to the hardening
effect.
The aim of this work is to analyze the structure-property relationships over the

cross-section of a graded nanocrystalline 2µm thick TixAl1−xN film with a nano-
scale variation of metallic components, microstructure and residual stresses. The
motivation is to quantify the influence of the film structural and chemical gradients
on the mechanical response.

1.2 Experimental methods

1.2.1 Thin film synthesis

Compositionally graded 2 µm thick TixAl1−xN film was deposited on a Si(100) sub-
strate by reactive magnetron sputtering in an AJA Orion 5 lab-scale deposition unit
equipped with one 3-inch-diameter Al and one 2-inch-diameter Ti target. Prior to
the deposition, the Si substrates were ultrasonically cleaned in ethanol and acet-
one for 5min. The substrates were placed on the substrate holder in the deposition
chamber and thermally cleaned at 500 °C for 20min under vacuum conditions better
than 10−6 mbar as well as Ar ion etched for 10min at a pressure of 4 × 10−2 mbar.
The deposition was carried out at a substrate temperature of 500 °C in an Ar and
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N2 gas atmosphere with a total pressure of 4 × 10−3 mbar and an Ar:N2 flow ratio
of 3:7 sccm/sccm. During the deposition, the substrates were continuously rotated
and no bias voltage was applied (hence, the substrates had a floating potential).
Starting with a monolithically grown TiN base layer, by constantly powering the Ti
target with 300W, the compositional gradient along the film growth direction was
realized by setting the generators to provide continuous increase of the power for
the Al target from 0 to 300W and a decrease of the power for the Ti target from
300 to 0W. As a top layer, AlN was monolithically grown by constantly powering
the Al target with 300W.

1.2.2 Cross-sectional characterization

The cross-sectional synchrotron X-ray nanodiffraction characterization was performed
at the Nanofocus Endstation of MiNaXS (P03) beamline [19] at the PETRA III
synchrotron radiation source in Hamburg, Germany, using a monochromatic syn-
chrotron beam with an energy of 14.73 keV. The X-ray beam was focused by a pair
of elliptical mirrors in crossed geometry, thereby providing a spatial resolution of
200 × 200 nm2. A film lamella with a thickness of 30µm (in the beam direction) was
prepared by mechanical grinding and polishing and analyzed in transmission wide
angle diffraction geometry by moving the sample in the beam with a step size of
100 nm. The Debye–Scherrer rings were recorded using a 4k charge-coupled device
(CCD) detector at a distance of 18.1 cm from the sample. The two-dimensional (2-D)
diffraction data were treated using Fit2D software [20]. The data were used to com-
pile depth-resolved phase plots for different orientations of the diffraction vectors.
Moreover, the measured diameter and the ellipsoidal shape of the Debye–Scherrer
rings were correlated with the in-plane X-ray elastic strain of the first order using
the approach introduced in our previous works [12] and [21]. As discussed in Refs.
[14] and [21], there exists a Debye–Scherrer ring azimuthal position δo for which the
Bragg’s angleθo and the corresponding lattice parameter do represents properties
of stress free material in the equi-biaxially stressed film. The stress free azimuthal
angle δo can be determined as follows

cosδocosθo =
√

1 − ν

1 + ν
(1.1)

where ν represents the material Poisson’s number. For simplicity it was supposed
that ν across the graded film does not change significantly and the value of 0.3 from
Ref. [16] was applied. It is supposed that using this simplified approach the in-plane
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Table 1.1: Dimensions of the cantilevers were used to evaluate Young’s moduli and fracture
stresses of the thin film regions A, B, and C (Fig. 1.1a) using Eq. (2) applying
the slopes of the load–displacement curves from Fig. 1.4.

Region Cantilever width, length, thickness [µm] Young’s [GPa] Fracture stress [GPa]

C 0.52, 3.00, 0.73 203.2 3.35
0.56, 3.00, 0.72 182.1 3.12

B 0.36, 3.00, 0.55 262.1 4.49
0.47, 3.00, 0.53 254.6 3.50

A 0.55, 3.00, 0.60 285.2 8.13
0.55, 3.00, 0.55 296.7 8.84

strains calculated as (din−plane − do)/do were quantified with an error smaller than
20%. The advantage of this very simplified approach is the fact that the unknown
values of Young’s moduli are not applied. For scanning electron microscopy (SEM)
characterization and focused ion beam (FIB) machining of sub-micron cantilevers as
well as cross-section lamella for transmission electron microscopy (TEM) studies, a
Tescan Lyra 3 workstation was used. The cross-section TEM lamella was fabricated
[22] from the coated Si-substrate, mechanically polished to a thickness of about
30 nm, and subsequently glued on a TEM in-situ Cu-holder [23].

The cantilever fabrication was performed by FIB using an acceleration voltage
of 30 kV and currents in the range from 20 nA to 50 pA. Special care was taken to
avoid sample damage by Ga ions [24] by using low FIB cutting currents as well as
Pt protective layers. Two cantilevers with length (l), width (b) and thickness (w)
of about 3.0, 0.5 and 0.5µm (cf. Table 1.1 for exact dimensions), respectively, were
fabricated from three film depth regions, namely from the nucleation Ti-rich region
A (∼0.2–0.7µm from the film/substrate interface), the film center (Ti–Al transition)
region B (∼1.0–1.5 µm from the interface) and surface Al-rich region C (∼1.5−2.0 µm
from the interface) as demonstrated schematically in Fig. 1.1a. An exemplary pair
of cantilevers is shown in an inclined view in Fig. 1.2a. The TEM characterization
as well as energy-dispersive X-ray spectroscopy (EDS) analysis in scanning TEM
(STEM) mode were performed using a JEOL JEM-2100F TEM system operated at
200 keV with a 0.7 nm spot size (Fig. 1.1a and b).

Bending tests of the cantilevers were performed using a Hysitron PI-95 TEM Pico-
indenter in JEOL microscope operated in a conventional (CTEM) mode (Fig. 1.2)
using a feedback enabled displacement-controlled deformation mode. A boron doped
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Figure 1.1: BF STEM micrograph (a) of the graded Ti1−xAlxN film showing complex
grain morphology across the film cross-section. EDS-STEM analysis (b, c)
indicates the compositional gradients of Ti and Al across the film thickness.
The bars in (a) schematically depict positions at which cantilevers with cross-
sections of ∼0.5 × 0.5 µm2 were machined using FIB.
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cube-corner diamond indenter and a bending rate of 60 nm/s were used (Fig. 1.2b).
The reason to perform the bending tests in TEM was a possibility to test small
cantilevers with better sensitivity of the TEM indenter compared to the setup using
SEM as reported in our previous study [11].
After the bending tests, exact cross-sectional dimensions of the fracture surfaces

were determined. From the load–displacement curves and the cantilever geometry,
Young’s moduli and fracture stresses were computed [11], [25] and [26]. The Young’s
modulus E was calculated from the recorded load-deflection curves as follows:

E = 4F
δb

×
(
l

w

)3
(1.2)

where δ represents the displacement at the applied load F , l is a distance from a
beginning of cantilever beam to a loading point, b represents a cantilever width and w
a cantilever thickness [11]. Cross-sectional characterization of hardness and reduced
elastic modulus of a mechanically polished thin film cross-section was performed us-
ing an atomic force microscope (Veeco Dimension 3100), which was equipped with
a sharp diamond cube-corner tip controlled by a Hysitron Triboscope transducer
in a load–displacement mode. The film was considered as homogeneous at a given
thickness and indented at various positions at the cross-section [9]. This approach
allowed keeping a relatively large distance between individual indents. For the calib-
ration, a mono-crystalline sapphire (0001) was used. For all the indents, a maximal
load of 400µN was applied.

1.3 Results and discussion

1.3.1 STEM imaging and EDS composition analysis

The cross-sectional morphology of the 2µm thick Ti1−xAlxN film, shown in Fig. 1.1a,
exhibits a fine nanocrystalline region distributed up to ∼300 nm thickness from the
film/substrate interface. Subsequently, a gradual coarsening of columnar grains can
be observed. The columnar grain morphology with V-shaped grains is interrupted
at a film thickness of 1.4µm by a distinguishable interface at which a new nanocrys-
talline layer starts to nucleate. This sub-surface layer with a thickness of ∼0.6 µm
shows another fine-grained nucleation region and subsequent development of colum-
nar grains.
In Fig. 1.1b and c, qualitative elemental mapping and quantitative STEM-EDS

depth-resolved concentration profiles (using built-in sensitivity factors) for Ti and Al
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Figure 1.2: A pair of cantilevers used for bending tests (a) with cross-sections of ∼0.5
0.5µm2 and length of ∼3.5µm each machined using FIB. Low magnification
overview of the in-situ TEM experiment with two cantilevers and a cube-corner
diamond indenter approaching one of them at a pre-selected position (b).

across the film thickness are presented. The nitrogen concentration across the film
was found to be constant at 50% and is therefore not shown here. Other elements
such as oxygen or argon were not detected in a significant amount. The elemental
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analysis in Fig. 1.1c indicates that the film consists of TiN- and AlN-based phases
close to the film/substrate interface and in the sub-surface region, respectively. At
the distance ∼0.5–1.8µm from the film/substrate interface, the Al/Ti ratio changes
gradually, in accordance with the variation of power applied to the targets and
Ti1−xAlxN phase is formed.

1.3.2 X-ray nanodiffraction analysis

The nanodiffraction data were used to compile depth-resolved phase plots for out-of-
plane (Fig. 1.3a) and in-plane (Fig. 1.3b) orientations of the diffraction vectors. This
was achieved by integrating the Debye–Scherrer rings in the azimuthal intervals of
∼(8,18) and ∼(80,100) deg of the angle ψ, whereby ψ represents the angle between
the surface normal and the diffraction vectors, respectively [12]. Thus, the diffraction
data presented in Fig. 1.3a and b represents the diffraction on crystallographic planes
oriented approximately at Bragg’s angle θ with respect to the sample normal vector
(out-of-plane orientation) and oriented perpendicular to the film-substrate interface
(in-plane orientation), respectively. In the structural analysis, it was supposed that
the film possesses a fiber texture and there is no epitaxial relationship with the
substrate, as revealed by laboratory pole figure measurements not presented here.
An analysis of the diffraction angle 2θ positions of the reflections as well as of

the full width of half maxima (FWHM) of the reflections in Fig. 1.3 allows determ-
ining which crystalline phases were formed at which film depths and how the mi-
crostructure of the crystallites evolved during the growth. Developments and ratios
of FWHMs of the individual reflections in Fig. 1.3 allow analyzing the anisotropic
film microstructure. Moreover, ratios of the diffraction intensities of the reflections
across the film depth allow drawing conclusion about the crystallographic texture
development.
At the substrate surface, cubic (c)-TiN was formed (Fig. 1.3), in agreement with

the data from Fig. 1.1c. The FWHMs of c-TiN 111 and 200 reflections decrease as
a function of the distance from the substrate surface in the range of 0−0.3µm. The
larger FWHMs of the peaks collected close to the substrate surface document the
formation of the film nucleation layer consisting of relatively small crystallites (visible
in Fig. 1.1a) and likely a high defect concentration [27]. The 2θ angle decrease of
the c-TiN 110 and 200 reflections in Fig. 1.3b can be qualitatively attributed to
the pronounced compressive in-plane stress in the film interface regions [4]. The
higher intensity of the c-TiN 200 reflection I200 compared to I111 in Fig. 1.3a and
b documents the (100) preferred orientation of c-TiN in this region. This type of
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Figure 1.3: Phase-depth plots determined by X-ray nanodiffraction for approximately
outof- plane (a) and in-plane (b) orientations of the diffraction vectors doc-
ument the distribution of crystalline c-TiN, c-Ti1−xAlxN, h-Ti1−xAlxN and
h-AlN phases, as well as their microstructural development across the film
thickness. The in-plane X-ray elastic strain (c) determined by the analysis
of c-Ti(Al)N 111 and h-Ti(Al)N 100 reflections correlates with the film cross-
sectional microstructural development.
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1.3 Results and discussion

fiber texture in transition metal nitride films is typically a result of strain energy
minimization during film nucleation [28].
At a distance of ∼0.6 µm and farther from the substrate surface, the FWHM of the

111 and 200 reflections start to increase and the Bragg’s angles increase also slightly.
This effect can be attributed to the formation of the metastable solid solution of c-
Ti1−xAlxN, as Al substitutes Ti in the c-TiN lattice, with an increased number of
point defects and a smaller lattice parameter compared to c-TiN. The formation
of the ternary c-Ti1−xAlxN phase correlates also with the compositional gradient
shown in Fig. 1.1c, where the Al content starts to increase at the depth of ∼0.6 µm.
At a distance of ∼1.4µm from the substrate surface, FWHMs and Bragg’s angle

of c-Ti1−xAlxN 111 and 200 reflections increase significantly and, at even larger
distances, a formation of hexagonal (h)-Ti1−xAlxN is observed (Fig. 1.3). A com-
parison of the composition (Fig. 1.1c) and diffraction data (Fig. 1.3) documents that
c-Ti1−xAlxN is present for x <∼ 0.7. For large Al concentrations, h-Ti1−xAlxN de-
veloped, due to the lower formation energy and equilibrium formation enthalpy [29]
and [30], which is in agreement with the results reported for monolithic magnetron
sputtered Ti1−xAlxN thin films [18].

FWHMs of h-Ti1−xAlxN 100, 002 and 101 reflections in Fig. 1.3b at the distance
of ∼1.6µm from the substrate surface are relatively large and then decrease towards
the film surface. The increase in FWHM at the distance of ∼1.6µm can be correl-
ated with the formation of a nanocrystalline h-Ti1−xAlxN nucleation layer (visible
also in Fig. 1.1a), consisted of small crystallites and exhibiting, probably, also a
large amount of defects [3]. The formation of the new nucleation region within
the nanocrystalline film was caused obviously by the transition from c-Ti1−xAlxN
to h-Ti1−xAlxN and accompanied by the formation of probably incoherent inter-
faces between cubic (001)-oriented and hexagonal (001)-oriented crystallites. The
h-Ti1−xAlxN crystallites served as nucleation sites for the growth of new nanocrys-
talline hexagonal phase which developed at the distance of ∼1.6µm and further from
the interface.
The further film growth at the thicknesses above 1.6µm is characterized by a

slight increase in Bragg’s angles of h-TixAl1−xN 100 and 002 reflections. This can
be interpreted by the increasing portion of smaller Al atoms accommodated into
the lattice. At the film surface, only h-AlN peaks were detected in agreement with
the EDS data (Fig. 1.1c). The intensity ratios I002 > I100 and I002 < I100 of h-AlN
reflections in Fig. 1.3a and b, respectively, documents the (001) preferred orientation
of h-AlN crystallites with the c-axis oriented approximately perpendicular to the film
surface.
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The larger FWHMs of practically all reflections in Fig. 1.3b in comparison with
FWHMs of the reflections from Fig. 1.3a document a columnar film growth, i.e.
smaller in-plane Scherrer’s crystallite sizes and/or larger concentration of structural
defects, as reported in our previous studies [27].

The in-plane strain presented in Fig. 1.3c can be understood as a sum of intrinsic
and thermal strain formed due the growth process and the cooling down after the
deposition, respectively. Since the thermal strain can be considered approximately
constant and positive, due to the larger coefficients of thermal expansion (CTE) of
the film phases compared to the substrate CTE [31], strain gradient in Fig. 1.3c can
be interpreted mainly by the gradual microstructural development discussed above.
A relatively high strain in c-TiN at the film/substrate interface correlates with the
formation of the nucleation layer with small crystallites and a high density of grain
boundaries. Energetic particle bombardment of the nucleation layer results in the
generation of higher density of growth defects [32]. The displacement of atoms from
their equilibrium positions, which is more pronounced at grain boundaries and on
growing crystallite surfaces, results in an in-plane expansion of the growing film,
which is however constrained by the substrate, giving origin to the relatively high
in-plane compressive stress at the interface.

At the distance from ∼0.5 to 1.4 µm from the substrate surface, the compressive
strain decreases and saturates at the value of −2 × 10−3. This behavior can be
interpreted by the gradual microstructure evolution, especially by a decrease of the
grain boundary density. The presence of larges grains reduces the probability of the
defect generation by the energetic particle bombardment and consequently also the
radiation-induced in-plane compressive stress formation.

At the distance of ∼1.4 µm from the interface, the formation of the h-Ti1−xAlxN
nucleation layer results in a compressive strain increase. Similar as in the case of
c-TiN nucleation layer, also in this case the presence of small crystallites and a high
density of grain boundaries resulted in an increased radiation-induced damage, in-
plane film expansion and formation of the in-plane compressive strain. The further
compressive strain decrease and the switch to tensile stress can be explained by the
gradual growth of the grains, which reduces the probability of the defect generation
by the energetic particle bombardment. The actual formation of tensile stresses
can be interpreted by the coalescence of h-Ti1−xAlxN crystallites which induces an
in-plane tensile loading of the crystallites interia [33].

12



1.3 Results and discussion

1.3.3 Bending tests of cantilevers in TEM

Six cantilevers (with cross-sections of ∼0.5 × 0.5 µm2 and length of ∼3.0µm) were
fabricated from three different thin film regions A, B, and C indicated by bars in
Fig. 1.1a. Load-displacement curves recorded during the bending tests in-situ in
the TEM are presented in Fig. 1.4. The results demonstrate distinct differences in
the mechanical response of the cantilevers. The magnitudes of fracture stresses and
elastic moduli are summarized in Table 1.1. It should be noted that the slopes of
the dependencies in Fig. 1.4 can not be directly correlated with the elastic moduli of
the cantilevers because of the varying cantilever dimensions presented in Table 1.1.
Two cantilevers representing the region A (Fig. 1.1 and Fig. 1.4) exhibit a linear-

elastic response and a maximum fracture stress from all three cantilever types.
Differences in the slope of the two curves can be attributed to a variation of the
cantilever dimensions and to a relative offset (up to about 50 nm) of their position
at the film cross-section. The relatively high fracture stress of the cantilevers ori-
ginates from the nanocrystalline nature of the nucleation layer which consists of
small crystallites with sizes of a few tens nm and possesses a large portion of grain
boundaries as well as point defects in crystallites interiors as indicated by TEM
and X-ray nanodiffraction [34] (Fig. 1.1 and Fig. 1.3). The grains of the nucle-
ation layer are (at least in-plane) misoriented to each other, and grain boundaries
consist of disordered atoms, compared to the grain interiors. The high values of
the fracture stresses can therefore be related to several factors such as reduction
of crystallite sizes, microstructural homogenization, relative high (intrinsic) fracture
stress of TiN nanocrystals and the crack propagation along grain boundaries forming
triple junctions [35], [36] and [37]. It is supposed that the dominant failure mode
of the nano-grained brittle material from the region A could be intergranular frac-
ture [38], as we reported for brittle nanocrystalline CrN thin films [11] with similar
microstructure.
Two cantilevers from the region B (Fig. 1.1 and Fig. 1.4) exhibit a relatively

small fracture stress. The deformation curves show not purely linear-elastic response
and suggests for plasticity-effects caused by cantilever in-plane compression and/or
tension. These could be due to dislocation motions in the elongated grains, with
a diameter of a few tens nanometers and length in the µm range (Fig. 1.1a), or
martensitic phase transformations of the metastable phases during the crack growth,
preferably along the elongated grain boundaries.
The Al-rich cantilevers from region C, hence h-Al(Ti)N based, show a linear-elastic

response, but the smallest fracture stress from all three cantilever types (Fig. 1.2
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Figure 1.4: Load-displacement curves recorded during in-situ TEM bending experiments
of cantilevers from the film regions A (black), B (red), and C (blue) (see Fig.
1a). (For interpretation of the references to colour in this figure legend, the
reader is referred to the web version of this article.)

and Fig. 1.4). The main reasons for this behavior could be a mechanical aniso-
tropy of h-AlN crystal structure, (001) fiber texture and specific needle-like grain
morphology. Consequently, elongated h-AlN crystallites are loaded preferably along
[001] hexagonal axis and the fracture response is predefined by cohesive energies of
(h00) and (hk0) faces as well as by activated shear bands of the needle-like crys-
tallites. Based on typically lower cohesive energy along grain and phase boundaries
of the nitride [11], we envision that crack growth in the cantilevers occurs probably
along the grain boundaries and, due to the specific crystallographic orientations of
the hexagonal grains, there is only negligible plastic deformation. An important
parameter in the fracture response of the region C could be also the presence of
the in-plane elastic strain (Fig. 1.3a). It is not obvious how the tensile strain state
changed in the film surface region after the cantilevers from region C were FIB
machined by removing the substrate and the cantilever underneath regions, but a
certain minor influence on the bending response cannot be excluded.

A comparison of the cantilever elastic moduli presented in Table 1.1 documents
that the A region is the stiffest one and the moduli decrease towards the surface
with the increasing amount of Al in the film. This effect and the moduli magnitudes
are discussed in Sec. 4.
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1.3.4 Cross-sectional nanoindentation

Measured values of hardness (H) and reduced Young’s modulus (Er) are plotted in
Fig. 1.5 as a function of the distance from the substrate surface. Since the surface and
substrate near-regions of the film could not be analyzed due to difficult experimental
conditions (too close to an embedding material/coating interface), the experimental
data from the intervals (0, 0.4) and (1.8, 2) µm are unfortunately missing in Fig. 1.5.

In the region of ∼0.4–0.8µm from the substrate surface dominated by c-TiN and
c-Ti1−xAlxN (with only a small amount of Al), both H = ∼38GPa and Er =
∼290GPa remain approximately constant. This can be interpreted (i) by already
saturated thin film microstructure with columnar grains ( Fig. 1.1 and Fig. 1.3a,
b), (ii) by an absence of a pronounced compositional gradient (Fig. 1.2c) and (iii)
by saturated in-plane strain (Fig. 1.3c). In nanoceramic thin films, grain bound-
aries represent one of the most important strengthening microstructural feature,
which hinder dislocation and crack propagation [39] and [40]. The grain bound-
aries represent obstacles for the dislocation and crack movement because signific-
antly more energy is needed for a dislocation to change its slip system or to move
into a differently oriented adjacent grain [41]. Since the grain boundary density
across the region of ∼0.4–0.8µm (Fig. 1.5) does not change significantly, the hard-
ness value remains also constant. Similar also a substitution of Ti atoms with Al
atoms, up to about 10 at%, had obviously no significant influence on the hardness
magnitude. Additionally, compressive in-plane strains in nanoceramics hinder crack
growth between crystallites [11] and [42]. Additionally the constant in-plane strains
(Fig. 1.3c) had homogeneous influence on the hardness magnitude across the whole
region of ∼0.4–0.8µm.
In the region of ∼0.8–1.4 µm from the substrate surface, a monotonous decrease

of H and Er is observed (Fig. 1.5). This effect can be correlated with the accom-
modation of Al atoms into the crystal lattice [43] ( Fig. 1.1 and Fig. 1.3) as well as
with a pronounced grain coarsening visible in Fig. 1.1a. The smaller concentration
of grain boundaries and the presence of relatively large grains allow for easier dislo-
cation motion (i.e. plastic deformation) in the imprint region because of a smaller
concentration of crack obstacles.

In the relatively narrow region of ∼1.4–1.6µm from the substrate, H and Er in-
crease as a function of the increasing film thickness and then again decrease in the
region from ∼1.6 to 1.8µm (Fig. 1.5) can be observed. The increase in hardness
can be attributed to the presence of h-Ti1−xAlxN nucleation layer (i) with relatively
small crystallites (Fig. 1.1a), (ii) large compressive in-plane strain (Fig. 1.3c) and (iii)
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Figure 1.5: Hardness H and reduced Young’s modulus Er obtained from the nanoindent-
ation experiments performed across the film cross-section.

large volume fraction of grain boundaries (Fig. 1.1a) and expectedly large amount
of defects in crystallite interiors (Fig. 1.3a, b). As already discussed above, nano-
crystalline microstructures with small crystallites, high density of grain boundaries,
compressive strains and crystallographic defects in crystal interiors are very favor-
able for hardness response. The simultaneous occurrence of those microstructural
features within the h-Ti1−xAlxN nucleation layer (Fig. 1.1) results in a very local
synergic strengthening of the film due to the obvious energetically more expensive
crack formation and growth under the indenter.
The further coarsening of the crystallites in the region above ∼1.6µm from the

substrate (Fig. 1.1a) results in a decrease of H due to the evolutionary development
of the microstructure with larger grains which, as already discussed, influenced the
crack nucleation and growth favorably.

1.4 Discussion on the complexity of the cross-sectional
relationships

The reactive co-sputtering from Ti and Al targets with gradually varied power resul-
ted in the formation of a 2µm thick Ti1−xAlxN film with pronounced compositional,
microstructural and phase gradients, as revealed by TEM, EDS and XRD (Fig. 1.1,
Fig. 1.2 and Fig. 1.3). Cross-sectional nanoindentation and bending tests on canti-
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levers machined from three different film depths demonstrated that also hardness,
reduced Young’s moduli, fracture stresses and Young’s moduli significantly change
across the film thickness (Fig. 1.4 and Fig. 1.5).
A comparison of the experimental data from the bending tests and the indenta-

tion analysis documents that the film compositional gradients (Fig. 1.1), resulting
in a complex distribution of crystalline phases (Fig. 1.3), have a dominant influence
on the cross-sectional dependence of the film mechanical properties. This conclu-
sion can be made when comparing cross-sectional mechanical properties of the film
from regions with similar microstructure but different composition. C–Ti1−xAlxN
phase occurring in the region of ∼0.4−0.8µm from the substrate surface (Fig. 1.3)
exhibited maximal hardness, fracture stresses and elastic moduli (cf. Table 1.1 and
Fig. 1.4 and Fig. 1.5). Although the region C possessed a similar microstructure as
the region A, significantly smaller hardness values and moduli as well as fracture
stresses were evaluated.
The variation of the film microstructure has a secondary effect on the local mech-

anical properties. The grain coarsening in c-Ti1−xAlxN and h-TixAl1−xN regions
at the distances of 0.4−1.4 and 1.7−2 µm from the substrate surface, respectively,
results in a decrease of hardness. In opposite, the formation of fine grained h-
TixAl1−xN nucleation regions is connected with the hardness increase caused by the
presence of small grains in the examined region (Fig. 1.2 and Fig. 1.5). Also, the
bending tests on the cantilevers from the region A demonstrated higher fracture
stress (Table 1.1) in comparison with the data obtained from the regions B and C.
As already extensively discussed in Sec. 3.4, grain boundaries represent practically
the most important microstructural strengthening component in nanoceramic films
because they serve as obstacles for crack propagation [40].
To quantify the influence of in-plane residual strains presented in Fig. 1.3c on the

local mechanical properties is not trivial and has been discussed extensively in our
previous study on epitaxial thin films [3], where the effect of grain boundaries was
suppressed. In polycrystalline thin films, the strain variation is always very closely
related to the film microstructure, especially to the grain size development. The
hardness changes observed in Fig. 1.5 could be thus interpreted not only by the
microstructural evolution but also by the changes in the in-plane residual strain.
Since, the bending experiments were performed on cantilevers without the presence
of substrate-induced strain, the high values of fracture stresses of the cantilevers
from region A (Table 1.1) suggest that it is primary the film microstructure (grain
size) which predefine fracture-stress as well as hardness behavior.
The X-ray nanodiffraction data (Fig. 1.3a, b) allow to additionally assess the in-
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fluence of the crystallographic texture on the mechanical behavior. Since in the
region A, characterized by 100 fiber texture (Fig. 1.3a, b), in-plane and out-of-plane
directions are perpendicular to the (100) crystallographic planes of TiN crystallites,
comparable values of the in-plane and out-of-plane moduli obtained from the bend-
ing tests and the nanoindentation, respectively, correlate well. Therefore, also the
indentation data from Fig. 1.5, which actually represent an average (not direction
dependent) material elastic properties, can be considered as representative.

For c-TiN, however, the literature value of Young’s modulus of 534GPa along
[100] direction from Ref. [44] is significantly higher than the experimentally found
in-plane (Fig. 1.5) and out-of-plane moduli (Table 1.1, region A). The difference
between the measured and literature values of the moduli could be interpreted by
the polycrystalline nature of the film material with a high volume fraction of grain
boundaries, which introduces a certain amount of porosity into the film.
Because of the h-AlN elastic anisotropy and the presence AlN 00.1 fiber texture,

one would expect a difference in the in-plane (Fig. 1.5) and out-of-plane (Table 1.1)
elastic response of the film in the C region. The reported literature values of AlN
elastic moduli along [10.0] and [00.1] crystallographic directions are 297 and 325GPa
[45], respectively. The experimentally found values of Young’s and reduced Young’s
moduli for h-AlN are however significantly smaller, in the range of 182−230GPa.
Also here it is supposed that the significantly smaller magnitudes of the elastic
moduli could be caused by the nanocrystalline nature of the region C with a high
volume fraction of grain boundaries and a material porosity. Similar variation of
elastic properties has been reported also for other nanocrystalline materials like W
[46].

1.5 Conclusions

It was demonstrated that the understanding of the cross-sectional structure-property
relationships of graded nanocrystalline thin films requires performing of complex
position-resolved characterization of compositional, microstructural, phase and mech-
anical gradients across the film thickness with sub-micron resolution.
On the example of nanocrystalline graded Ti–Al–N thin film, it was demonstrated

that the local mechanical properties are primarily influenced by the present crystal-
line phases and their intrinsic mechanical properties. Secondly, the local mechanical
response is influenced by the film microstructure. The presence of nucleation layers
with small crystallites and a high portion of grain boundaries as well as structural de-
fects results in significant hardness enhancement. A gradual columnar grain growth
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results in a continuous hardness decrease. The influence of residual strain on the
local mechanical response of the polycrystalline film is difficult to quantify absolutely,
because its development is very strongly correlated with the local microstructure.
The comparison of the results from the bending tests and cross-sectional hardness
characterization suggests, however, that the role of microstructure is prevailing.
In summary, the results demonstrate an enormous importance of thin film micro-

structural, compositional and phase gradients, which, when correctly understood,
can be used to effectively tune depth-resolved functional properties of nanocrystal-
line thin films.
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