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Abstract 

A combination of transmission electron microscopy, atom probe tomography and high-

energy X-ray diffraction was employed to investigate the influence of local microstructural 

changes on strengthening in a commercial Al-Li-Cu based alloy, AA2198, in the stretched 

and naturally aged, and overaged states. Strengthening in the stretched and naturally aged 

temper was shown to be governed by a combination of Cu-Cu clusters, δ′ phase and solution 

strengthening. This is in contrast to other reports which suggest that strength in this temper is 

only due to Cu-rich clusters [Decreus B et. al. Acta Mater 2013; 61:2207]. On the other hand, 

although large volume fractions of equilibrium phases such as TB, and θ were present in the 

overaged temper, its strengthening was largely governed by order hardening, which is the 

strengthening mechanism associated with the δ′ phase. The δ′ phase remained in the matrix 

even after extensive overaging. 
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1 Introduction 

Al-Cu-Li-Mg based alloys of the latest generation exhibit an excellent combination of low 

density, high elastic modulus and high specific strength, which makes them candidate 

structural materials for next generation aerospace applications [1-4]. The attractive properties 

of these alloys are associated with the addition of Li which not only results in significant 

weight reduction but also enables the formation of several strengthening precipitates 

including δ′ (Al3Li), δ (AlLi), T1 (Al2CuLi), T2 (Al5CuLi3) and TB (Al7Cu4Li). Other 

precipitates that have been reported in these alloys include GP zones, θ′ (Al2Cu), θ (Al2Cu), 

Ω (Al2Cu), S′ (Al2CuMg), β (Al3Zr) [3-8]. The concentration and thermomechanical 

treatment given to a particular alloy dictates which of these precipitates forms in the alloy and 

ultimately determines its properties.  

Recent studies of Al-Cu-Li-Mg-based alloy systems have focussed on AA2198 [9-12], 

which has shown an outstanding combination of static strength and damage tolerance along 

with good weldability and is therefore envisaged as a replacement for the AA2024/AA7475 

alloys presently used in fuselage skin applications in commercial aircrafts [13-14]. Although 

the peak aged (PA) temper of this alloy is of application interest, detailed investigation of the 

structure-property relationships of other temper states is required since it provides the basis 

for understanding the influence of process-induced microstructural changes on the post-

processing properties of the alloy. For instance, it was shown that the T1 precipitate, which is 

the main strengthening phase in the PA temper [1,12], dissolves, while TB phase precipitates 

within the grain interior and in grain boundaries during friction stir welding of peak aged 

AA2198 [15]. The TB phase is an equilibrium phase that occurs only in the overaged temper 

of Al-Li based alloy systems [8]. It was shown in another publication that plastic instability, a 

phenomenon associated with strain localization and reduction in ductility [16], occurs in the 

overaged (OA) temper of this alloy [17]. This is in addition to the significant reduction in 
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strength that accompanies overaging. Similarly, it was recently concluded that the stretched 

and naturally aged (NA) temper of AA2198 must be strengthened by Cu-rich clusters, since 

no precipitates were observed in selected area diffraction (SAD) or dark field (DF) 

transmission electron microscope (TEM) micrographs [1]. It is not clear from these studies if 

these clusters are associated with Mg or Li. Cu-Mg co-clusters form easily during room 

temperature ageing of a number of Al-Cu-Mg-(Li) alloy systems and are known to confer 

significant strengthening [18-19]. 1st nearest neighbour distribution (1NN) analysis of atom 

probe tomography data of this temper state revealed only a slight deviation from the random 

distribution of Cu in the matrix [20]. Whether such minor deviations can sufficiently account 

for the remarkably high strength observed in this temper is an open question. 

In this paper, we present a detailed study of the microstructure-property relationship of an 

AA2198 alloy in the stretched and naturally aged (NA) and overaged (OA) states where the 

T1 phase is absent. A systematic approach involving TEM methods, high-energy X-ray 

diffraction (HEXRD) and APT was adopted.  

2 Materials and methods 

The nominal composition of the AA2198 alloy used in the present study is given in Table 

1. The alloy was received in the T351 state, that is, it had been solution treated, water 

quenched, stretched to a strain of 2% and naturally aged for several months. The as-received 

temper is hereafter referred to as NA.  An artificial aging protocol aimed at achieving the 

overaged state (OA) within a reasonable ageing time was established on the basis of the time-

temperature-precipitation diagrams proposed by Chen and Bhat [21] for a similar alloy, 

AA2195. The protocol comprised aging at 370oC for 10hours.  

The mechanical response of the investigated tempers was determined from tensile tests 

conducted at a strain rate of 5x10-5/s in a Zwick universal testing station equipped with a non-
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contact extensometer. Dog-bone shaped samples with gauge length of 11mm and thickness of 

0.6mm, produced by wire-cut electro-discharge machining, were used in the tensile tests. 

Microstructural characterization was conducted in large part through TEM analysis using a 

Philips CM200 TEM and a JEOL 3010 microscope operated at 200KV and 300KV, 

respectively. A set of the TEM samples used in the analysis was prepared by electropolishing 

in a twin-jet device with a solution of 67% methanol and 33% nitric acid at a temperature of -

20oC and current of 12V, while another set was produced by focused ion beam (FIB) milling 

in a Nova 200 Nanolab dual-beam scanning electron microscope (SEM) from FEI, Co. The 

thickness of the FIB-milled lamellae was measured in the SEM prior to examination in the 

TEM and used as the basis for determining the average volume fraction of the δ′ phase. The 

reported volume fraction of the δ′ phase is the average estimated from three different 

micrographs, while its precipitate size is the average of over 180 precipitates imaged in a 

series of micrographs.  

Complementary microstructural characterization using high-energy x-ray diffraction 

(HEXRD) was carried out at the HZG beamline HEMS at the Deutsches Electronen-

Synchrotron (DESY) in Hamburg, Germany [22]. Samples with height of 4mm were 

measured in transmission using a beam cross section of 1 mm x 1mm.  The samples were 

penetrated with high-energy X-rays with a photon energy of 100KeV, which corresponds to a 

wavelength,  λ, of 0.124Å. The resulting Debye-Scherrer diffraction rings were recorded on a 

2-dimensional Perkin Elmer XRD 1622 detector with an exposure time of 0.1seconds. In 

order to reduce background noise, 40 images were summed up for each sample, such that 

even weak peaks from phases with minor phase fractions were made visible. Conventional 

diffraction patterns were generated from the rings by azimuthal integration of the rings. 

Qualitative phase analysis was achieved by means of simulated diffraction patterns. The 

lattice parameter of the aluminium phase was determined by the Gaussian fitting method. 
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 Quantitative elemental analysis of the matrix phase and clustering therein was carried out 

with a LEAP 3000X HR, local electrode atom probe operating in laser mode. The specimen 

temperature was set to 60K, the laser pulse energy was 0.6nJ, the laser pulse repetition rate 

varied between 100 and 250 kHz, and the target evaporation rate was set to 1% [23]. The 

specimens were produced by a standard lift-out procedure [24] in the Nova 200 Nanolab dual 

beam SEM mentioned above. The final annular milling was carried out at an accelerating 

voltage of 5kV and a beam current of 70pA. Nevertheless, some Ga contamination was 

detected in the APT datasets, but the corresponding peaks in the mass spectrum were ignored 

in the concentration and cluster analysis. There were also unusually intense peaks 

corresponding to AlH+ and AlH2
+ in the mass spectrum. This impedes the correct 

determination of the Si concentration, because both AlH+ and 28Si+, and AlH2
+ and 29Si+ have 

mass-to-charge ratios of 28 and 29, respectively. In this study, the peak at 28 Da was 

assigned to Si while that at 29 Da was assigned to AlH2. 3D reconstruction was performed in 

the software IVAS (version 3.6.8) by Cameca using the initial tip apex radii and shank angles 

as determined by SEM before the experiments. Cluster analysis was performed in the 

software 3Depict (version 0.0.17) using the core-link algorithm. The cluster analysis 

parameters were determined according to the heuristic method used by Marceau [25].   

3 Results 

3.1 Tensile test 

Figure 1 shows the true stress, σt, vs. true strain, εt, response of each temper. The NA 

temper exhibited remarkably high yield strength, 310MPa, about a factor of three higher than 

in the OA temper. Plastic instability was also observed in the OA temper. A portion of the σt, 

vs. εt curve of the OA temper is magnified in the insert in Figure 1 to more clearly reveal the 

stress drops associated with the plastic instability. It is noteworthy that the NA temper 

sustained a higher plastic strain than the OA temper even though its yield strength is about a 
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factor of 3 higher than the latter. This observation underscores the detrimental effect of 

plastic instability on ductility. A plot of the work hardening rate (dσt/dεt) as a function of true 

strain is also superimposed on Figure 1. The very early stage of plastic deformation in the OA 

tempers showed significantly higher work hardening rate in comparison to the NA temper. 

The high work hardening rate of the OA temper however decreased rapidly, after only about 

2% plastic strain, to values lower than those obtained in the other tempers. This kind of 

response, namely the exceptionally high initial work hardening rate at the onset of plasticity 

followed quickly by a significant decrease, is typical of alloys containing a dispersion of 

incoherent, non-shearable second phase precipitates and is attributed to the back-stress 

exerted by the Orowan loops formed around the precipitates on subsequent mobile 

dislocations [26].  This mechanism is known to breakdown after about 2% plastic strain as a 

result of the plastic relaxation in the interface between the matrix and the precipitates. It is 

reported that geometrically necessary dislocations which are stored to accommodate the 

strain gradient between the deforming matrix and the non-deforming particle, drive the 

plastic relaxation [26]. On the other hand, the initial work hardening rates such as those found 

in the NA temper, have been attributed to increased strength of the dislocation junctions 

owing to high solute contents [10]. 
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3.2 TEM analysis 

A bright field (BF) and dark field (DF) image of the NA temper is shown in Figure 2(a) & 

(b), respectively. The DF image was made from a superlattice spot characteristic of δ′ 

(Al3Li)/ β′ (Al3Zr) phase in an orientation slightly tilted away from a <100>Al zone axis 

selected area diffraction (SAD) pattern. The average radius and volume fraction of the δ′/β′ 

phase in this temper are 10 ± 5 nm and 0.004 ± 6e-4 respectively. In contrast to this 

observation, Decreus [1] did not observe any precipitate in the stretched and naturally aged 

temper of the AA2198 alloy they investigated. In the present work, precipitates were also 

observed in some of the grain boundaries of the NA temper. These are likely equilibrium 

precipitates or disperoids that were undissolved during the solution treatment. The absence of 

reflections arising from such precipitates however suggests that their volume fraction is very 

low.  A two-beam dark field image showing the typical dislocation structure found in the NA 

temper is shown in Figure 2(c). The dislocations are typically wavy, unevenly arranged, 

tangled and appear pinned by precipitates at several points along their line length. No 

evidence of dislocation pairs could be found. 

 

Figure 1(a):   True stress–true strain response of AA2198 in the naturally aged (NA), in blue, and 
overaged (OA), in black, temper states. Plastic instabilities are observed in the overaged temper. (b)  
Work hardening rates (dσt/dεt) of each temper plotted as a function of true plastic strain.  
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In the case of the OA temper, the key microstructural features observed within the grain 

interior can be seen in the BF image shown in Figure 2(d). A large spherical precipitate with 

radius in excess of 200nm identified as the T2 phase is highlighted in the micrograph. SAD 

patterns taken only from this precipitate (not shown) revealed the icosahedral symmetry that 

is associated with the T2 phase.  However, the T2 phase was mostly found along the grain 

boundaries. Large TB precipitates were also observed within the grain interior and along the 

grain boundaries. Faint superlattice reflections indicative of the presence of the δ′/β′ phase 

are still evident in the <112>Al zone axis SAD pattern inserted in Figure 2(e). Reflections 

associated with the TB phase can also be seen in the SAD pattern. A DF image made from 

one of the superlattice spots is shown in Figure 2(e). The average radius and average volume 

fraction of the δ′/β′ precipitates in this phase are 11 ± 6nm and 0.006 ± 0.002, respectively; 

these values are only slightly higher than those found in the NA temper. The absence of 

streaks and reflections associated with the T1, θ′ and Ω phases in the <112>Al SAD pattern 

inserted in Figure 2(e) indicate that these phases have either dissolved or transformed into 

equilibrium phases such as TB phase. Figure 2(f) shows the typical dislocation configuration 

found in the OA temper. The dislocations are mostly arranged in planar arrays and are 

uniformly distributed on individual planes. This is an indication that slip is mostly planar in 

this temper. It is also evident from the micrograph that the dislocations are pinned at several 

points around their line lengths by the δ′/β′ precipitates as well as by the large precipitates. 

Coherent δ′/β′ precipitates, as indicated by lines of no contrast perpendicular to the g-vector, 

are also observed in Figure 2(f). 

3.3 HEXRD 

The full ranges of the recorded HEXRD spectra for the two tempers of interest, NA and 

OA, are shown in Figure 3(a). Simulated 2θ positions of the different phases present in these 

tempers are included in the figure. The prominent peaks at 2θ ≈ 3.04, 3.51, 4.96, 5.82, and 
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6.08 degrees for the two tempers were indexed as the Al phase. All the 2θ positions of the Al 

phase in the NA temper are however shifted to slightly larger 2θ values in comparison to 

those in the OA and simulated Al pattern. Enlarged portions of two of the Al peak positions 

for the NA and OA tempers are shown in Figure 3(b) to more clearly highlight the observed 

shift. The corresponding peak positions for the peak aged (PA) temper and that of the 

simulated Al phase are also included in the plot in order to establish a reference position. 

 

Figure 2: (a) Bright field and (b) dark field images of the naturally aged (NA) temper. The latter was 
made from a superlattice spot near the <100>Al zone axis SAD pattern shown in the insert.  δ′/β′ is 
the only matrix precipitate present in this temper. (c) A dark field image showing the typical 
dislocation structure in this temper. The dislocations in this temper are wavy and homogenously 
distributed. (d) Bright field and (e) dark field images, showing the precipitates in the overaged (OA) 
temper. Several precipitates including T2 (T), TB and δ′/β′ are present with the matrix of this temper 
(e) Typical dislocation structure found in the OA temper. The dislocations are mostly planar and only 
present in specific planes. 

 

The Al phase of the simulated diffraction pattern and that of the OA and PA tempers all 

have a lattice parameter of 4.05Å, while that of the NA is 4.04Å. The uniform shift in 2θ 

peak positions and the corresponding decrease in lattice parameter are associated with 

macroscopic compressive residual stress effects [27] . It is likely that the residual stress is due 
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to the pre-stretch given to the NA temper prior to aging. The absence of these shifts in the 

other tempers suggests that this strain must have been relieved during aging at high 

temperatures. An enlarged region of the HEXRD spectra showing the main phases present in 

the NA and OA tempers is shown in Figure 3(c). Although five of the peaks associated with 

δ′ coincide with the Al peak positions, it can be argued that the δ′ precipitate is present in 

both tempers since there is a peak at 2θ ≈ 5.58, albeit weak, that coincides with one of the 

simulated δ′ peaks. In contrast, only two of the peaks in the experimental spectra coincide 

with the simulated β′ peaks. However, it is not clear if β′ is present in these tempers since 

these two peaks also coincide with the Al peak positions. Experimentally observed peaks 

associated with TB, T2 and θ phases are also highlighted in Figure 3(c). The peaks at 2θ ≈ 

5.31 and 5.45 can be assigned to both TB and T2 precipitates. Close examination of the 

complete HEXRD spectra in Figure 3(a) however shows that while T2 is present in both 

tempers, TB is present only in the OA temper. Since the relative intensities of all peaks that 

are exclusive to the T2 phase are similar in both tempers, it can be argued that its volume 

fraction is relatively constant; the T2 phase must have thus existed prior to aging. Two such 

peaks can be found at 2θ ≈ 1.83 and 1.93. This also implies that there was negligible 

dissolution or formation of the T2 phase during the heat treatment protocol employed in this 

investigation. It follows that the main strengthening phase, i.e. T1, mostly transforms to the 

TB phase during overaging. The high intensities of the peaks associated with the TB 

precipitate at 2θ ≈ 2.11, 3.44 and 4.04 corroborate this position.  This observation is 

consistent with the work of Rao [15], who observed the TB phase in the stir zone of friction 

stir welded peak aged AA2198 sheets. The weak peaks at 2θ = 2.56 and 2.73 in both tempers 

could not be indexed with the simulated patterns of the known phases used in this study.  
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Figure 3: (a) The full experimental HEXRD spectra of the naturally aged (NA) temper in blue and 
overaged (OA) in temper in black, including the 2θ positions of the experimental and simulated 
phases. (b) A magnified plot of the area marked x in (a). Two prominent experimental Al peaks 
showing the shift of the Al peak associated with the naturally aged in comparison with OA, peak aged 
(in red) and the simulated Al phase (broken line). (c) A magnified plot of the section marked y in (a). 
Peaks associated with the TB, T2, θ and δ′ phases can be readily identified in the plot.   

 

(b) 

(a) 

(c) 
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3.4 Atom probe tomography (APT) 

Figure 4 shows 10nm thick slices through reconstructed APT dataset measured from the 

NA and OA tempers. Data obtained for the main solute elements, Li, Cu and Mg are shown 

separately. Except for a Cu-rich precipitate at the very top of the NA specimen, no other 

precipitates were captured in the examined tips. The inability to capture the main precipitate 

phase, i.e. δ′ phase, which was observed in both the TEM and HEXRD investigation can be 

attributed to the relatively low volume fraction and the large inter-particle spacing (≈78nm) 

of this phase in the investigated tempers, relative to the typical size of an APT dataset. A 

proxigram created using the interface of the Cu-rich phase (not shown) at the top of the NA 

specimen indicate that it is most likely an equilibrium θ precipitate. This precipitate, like the 

T2, must have been undissolved in the solution treating step.  The elemental distribution of 

atoms in both tempers seems to be homogenous and there is no visible evidence of clustering 

of any of the elements. A good indication of solute clustering is nevertheless obtained by the 

use of cluster identification algorithms [28]. In preparation for cluster analysis, regions not 

belonging to the matrix phase were removed from the datasets. This included the Cu-rich 

precipitate from the NA temper sample and a crystallographic pole (an APT measurement 

artefact) to which Cu atoms segregated slightly from the OA temper sample. In this work, the 

core-linkage algorithm technique was employed. The dcore and dlink parameters which define 

this algorithm were determined using a recently employed approach [25]. Specifically, dcore 

was set to the distance at which the difference between cumulative 5th nearest neighbour 

distances (5NN) and its randomized counterpart was the highest (dcore =1.58 nm and 2.35nm 

for the NA and OA tempers respectively), while dlink was set to ½ dcore. Only clusters 

consisting of at least 3 atoms were considered.  5NN frequency histograms of the main 

alloying elements, namely, Li-Li, Cu-Cu, Mg-Mg and Cu-Mg in the NA and OA tempers and 

their respective randomized distributions are presented in Figure 5. Only the chemical 
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identities of the atoms were randomized, their spatial positions were unchanged.  Evidence of 

clustering, indicated by the broadening of the distributions and shifting of the distribution 

maximum to smaller distances [28-29], can only be seen between the Cu-Cu atoms in the NA 

and OA tempers. However, the number density of the Cu-Cu clusters in the NA temper, 

1.25x1025 m-3, is an order of magnitude higher than that of the OA temper, 1.69 x1024 m-3. 

The size distribution of the clusters as a function of cluster size is shown in Figure 6. Further 

analysis of this plot shows that the “effective” clustering, i.e. clustering in the experimental 

data less that in the random data, in the OA temper is over six times less than that of the NA 

temper. This is a strong indication that the contribution of these clusters to strength in the OA 

temper will be significantly less that provided by the clusters in the NA temper.  

The overall matrix concentration of the NA and OA tempers obtained from the APT 

measurements is given in Table 1. Over six million atoms were captured in each test. Atoms 

of Zr were not detected in the measurements, probably because of its very low concentration 

in the alloy. Si was overestimated in both samples. The probable cause of this, the overlap 

between Si and AlHn peaks has been explained earlier. Regardless, the experimental 

concentrations of the main alloying elements are comparable with the nominal concentration 

and can therefore be taken as good indication of the global matrix concentration of this alloy 

after ageing. A significant decrease in the matrix Cu concentration of the OA temper relative 

to that of the NA temper was recorded. This large decrease, of about 64%, is associated with 

the formation of the high volume fraction of large equilibrium Cu-rich precipitates, such as 

TB, in the overaged state. The high peak intensity of the TB precipitate as seen in the HEXRD 

spectra is a clear indication that its volume fraction is high in the OA temper. The matrix Li 

concentration in the OA temper was also less than that of the NA temper. The Mg 

concentration however remained unchanged. 
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Table 1: Overall matrix concentration of the naturally aged (NA) and overaged (OA) tempers as 
measured from APT experiments. The concentration range given by the manufacturer is also included 
in the table. 
Element at.% Li Cu Mg Ag Zr Si 

Nominal 3.11 - 4.27 1.23 - 1.48 0.29 - 0.80 0.03 - 0.12 0.01 - 0.05 0.08 

NA  3.24 1.10 0.26 0.15 - 0.28 

OA  3.14 0.40 0.26 0.04 - 0.18 
 

 

 

Figure 4: 3D APT maps of Li (pink), Cu (orange), and Mg (blue) atoms in (a) the naturally aged (NA) 
temper and (b) the overaged (OA) temper. With the exception of a Cu-rich phase at the tip of the NA 
temper, no precipitate was visible in all the measurements. More so, all the atoms are seemingly 
homogeneously distributed. 
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Figure 5: Frequency histograms of 5th nearest neighbour distances (5NN) between atoms of the 
naturally aged (NA) temper, in straight lines and the overaged (OA) temper, in broken lines. The 
distribution of the main atomic species, Li-Li (pink), Cu-Cu (orange), Mg-Mg (blue), Cu-Mg (green) 
and their respective randomised distribution (black) are presented. 
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Figure 6: The size distribution of the Cu-Cu clusters in the naturally aged, NA, (straight orange line) 
and overaged, OA, (broken orange line) tempers. The respective randomized distribution for the NA 
(straight black line) and OA (broken black line) tempers is also included in the plot. 

 

4 Discussion 

The preceding microstructural analyses indicate that there are a number of obstacles to 

dislocation glide in the investigated tempers. The mechanical behaviour of each temper is 

nonetheless governed by the obstacle that provides the greatest resistance to dislocation glide. 

The obstacle governing strength in each temper, i.e. NA and OA, is now investigated by 

invoking known relations for estimating the theoretical strength provided by the obstacles 

observed in these tempers. 

Major sources of strengthening in the NA temper include the δ′ precipitate revealed by 

both TEM and HEXRD, Cu-Cu solute clusters revealed by the APT measurements and 

matrix solute atoms. It is well established that strengthening by the δ′ phase, which is a long-

range ordered phase, is due to order hardening; a mechanism that leads to the creation of an 

antiphase boundary (APB) on the slip plane of an ordered coherent precipitate upon shearing 

by matrix dislocations [30-32]. The energy of the APB represents the resistance that must be 

overcome by the matrix dislocations for slip to occur. The theoretical critical resolved shear 

stress (CRSS) predicted by order hardening 𝜏𝜏𝑂𝑂𝑂𝑂, can be estimated from [34]:  
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where 𝛾𝛾𝑎𝑎𝑎𝑎𝑏𝑏 is the antiphase boundary energy, G is the shear modulus, b is the Burgers vector, 

ro is the average precipitate radius and f the volume fraction of the precipitates.  Using the 

Taylor factor of 2.95 [18], G = 30GNm-2 [31], b = 0.2864nm [31], 𝛾𝛾𝑎𝑎𝑎𝑎𝑏𝑏 = 0.15Jm-2 [31], and 

the experimentally determined values of ro = 10nm and f = 0.004, the theoretical yield 

strength due to order hardening, 𝜎𝜎𝑦𝑦𝑂𝑂𝑂𝑂, is found to be 55MPa for the NA temper. The 

experimentally found yield strength for this temper is 310MPa. It follows that order 

hardening is not the governing strengthening mechanism in this temper.  

The contribution to strength from the unclustered atoms of the main alloying elements, 

i.e., Li, Cu and Mg, in the matrix of the NA temper was determined from the classical 

relationships given in equations (2) and (3) [33].  These relationships predict the contribution 

to solution strengthening from the size misfit interaction, τEI
, and the modulus misfit 

interaction, τMI
.  The CRSS due to solution strengthening, 𝜏𝜏SS𝑥𝑥, from a solute element, x, is 

equal the sum of equations (2) and (3).  
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The term 𝑐𝑐𝑥𝑥 in equations (2) and (3) is the concentration of the solute element, while 𝜀𝜀G and 

𝜀𝜀a are the size misfit and modulus misfit parameters respectively. After Marceau [25], the 

total CRSS due to solution strengthening, τSS, is taken as: 

 
τSS = �𝜏𝜏SS𝐿𝐿𝐿𝐿

2 + 𝜏𝜏SS𝐶𝐶𝐶𝐶
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2. (4)  
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The effective matrix concentration of Cu in both NA and OA tempers decreased to 0.89 

and 0.25 at.%, respectively, after the Cu atoms tied up in the Cu-Cu clusters were deducted 

from the global matrix Cu concentrations. Mg and Li did not form any cluster or co-cluster 

and so their matrix concentrations are effectively equal to the values in Table 1. Literature 

values of 𝜀𝜀G for Li, Cu and Mg are 4, 0.48 and 0.87, respectively, while the values for 𝜀𝜀a are 

10-2, -0.35 and 0.37 respectively [33]. Therefore the contribution to the yield strength of the 

NA temper due to Li, Cu and Mg in solution, 𝜎𝜎𝑦𝑦𝑆𝑆𝑆𝑆, is predicted to be 63MPa. Since this value 

is significantly less than the experimentally observed yield strength it can be argued that 

strengthening in this temper is largely governed by the Cu-Cu clusters, which have been 

found through APT analysis to be present in large amounts. This is consistent with the 

conclusions made by Decreus [1] and Deschamps [12].   Nonetheless, the contributions of the 

other constituent obstactles, in particular the δ′ precipitates which were not observed in the 

Decreus work [1], along with the various solute atoms present in the matrix, cannot be 

ignored; they may contribute up to half of the total experimentally observed yield strength.  

In the case of the OA temper, both TEM and HEXRD investigations reveal that several 

different precipitates, including TB, T2, θ and δ′, are present in the OA temper. The APT 

cluster analysis also indicates that a small amount of Cu-Cu clusters will be present. It can be 

argued that the TB precipitate has a significantly higher volume fraction than those of the 

other precipitate species since its HEXRD peak intensity is significantly higher than those of 

the other precipitate species.  Although the presence of the δ′ phase in this temper is 

somewhat surprising, its continued presence can be partly attributed to its relative stability, 

which is a consequence of its coherency with the matrix [6]. This is supported by the work of 

Lee [35], which shows that the coarsening rate of δ′ in Al-Li binary alloys is significantly 

reduced by the addition of small amounts of Ag. Similarly, Radmilovic [36] argue that L12 

core/shell precipitates, such as δ′/β′, exhibit extremely low coarsening rates. 
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The main strengthening precipitate present in the OA temper is the δ′ phase. The 

contribution to yield strength from equilibrium phase precipitates such as TB, T2, and θ  is 

known to be negligibly small [37]. According to equations (1) and (4), the theoretically 

predicted yield strength due to order hardening, 𝜎𝜎𝑦𝑦𝑂𝑂𝑂𝑂, in the OA temper is 71MPa, while the 

theoretically predicted yield strength due to solute strengthening, 𝜎𝜎𝑦𝑦𝑆𝑆𝑆𝑆, is 38MPa, 

respectively.  Its experimental yield strength, 𝜎𝜎𝑦𝑦
𝑒𝑒𝑥𝑥𝑎𝑎, is 133MPa. Although additional 

contribution to strength is be expected from the Cu-Cu clusters, grain boundaries and 

dislocations still present in the matrix, it can be argued that order hardening governs strength 

in the OA temper and not Orowan hardening as is the case for overaged tempers of most 

precipitation strengthened alloys. It can be further argued that the strengthening from the Cu-

Cu clusters in the OA temper in comparison to the NA temper will be very small because of 

the significantly lower number density of clusters in the former.  

Although the significant difference in yield strength between the NA and OA was 

expected, the difference in their post yield behaviour, and specifically the absence of plastic 

instability in the NA temper and its presence in the OA temper, is remarkable. The 

occurrence of plastic instability in Al-Li based alloys have been largely attributed to dynamic 

strain aging of temporarily trapped mobile dislocations by Li atoms [38-40]. This cannot 

however explain the absence of plastic instability in the NA temper. The APT analysis show 

that the Li content of the OA temper which exhibited plastic instability is less than that of the 

NA temper. The result rather indicate that occurrence of plastic instability is associated with 

order hardening, which is the governing strengthening mechanism in the OA temper. A 

detailed investigation of the underlying mechanism for plastic instability in these alloy 

systems is presented elsewhere [17]. 
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5 Conclusion 

The effect of microstructural changes on the strengthening mechanism associated with the 

δ′ phase in a commercial Al-Cu-Li-Mg-Zr based alloy AA2198 was investigated using a 

combination of tensile test, APT, HEXRD and TEM methods. In contrast to previous reports 

[1, 12] that no precipitate is present in stretched and naturally aged (NA) AA2198, our results 

show the δ′ precipitate is present and remains in the matrix of the alloy even after extensive 

overaging. Based on quantitative analyses of the contribution of the δ′ precipitates and the 

solute atoms, it was shown that up to half of the strength in the NA temper is provided by 

obstacles other than solute clusters. This strongly indicates that the remarkably high strength 

in this temper is the result of the combination of several obstacles to dislocation glide, not 

just the Cu-Cu solutes. On the other hand, several precipitates including TB, T2, θ and δ′ 

phase were observed in the overaged (OA) temper. It was shown, albeit qualitatively, that the 

TB phase had a significantly higher volume fraction than the other phases. This is a strong 

indication that most of the metastable phases in this alloy transform to the TB phase upon 

overaging. Based on theoretical considerations and experimentally determined parameters, it 

was determined that strength in the OA temper is governed by order hardening, which is the 

strengthening mechanism associated with δ′ precipitate. 
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