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ABSTRACT 

New high-performance engine concepts for aerospace and automotive application enforce the development 

of lightweight γ-TiAl based alloys with increased high-temperature capability above 750 °C. Besides an 

increased creep resistance, the alloy system must exhibit sufficient hot-workability. Therefore, a refined β-

solidifying TNM alloy with an alloy composition of Ti-43Al-4Nb-1Mo-0.1B (in at.%) and minor additions of C 

and Si is investigated by means of uniaxial compressive hot-deformation tests. The occurring mechanisms 

during hot-working were decoded by ensuing constitutive modeling of the flow curves by a phase field 

region-specific surface fitting approach via a hyperbolic-sine law as well as by evaluation via processing 

maps combined with microstructural post-analysis. Furthermore, complementary in situ high energy X-ray 

diffraction experiments give a deeper insight about the deformation behavior of the alloy, i.e. phase fractions 

and texture evolution during isothermal and non-isothermal compression. 

1. Introduction

Intermetallic multi-phase γ-TiAl based alloys are used in advanced high-performance combustion engines

due to their low density of 3.8 - 4.1 g/cm
3
 as well as excellent mechanical and oxidation properties at

elevated temperatures [1–3]. In particular, β-solidifying γ-TiAl based alloys were developed to improve hot-

workability [4]. Further alloy and process development was undertaken to lower the content of creep-

deteriorating β/βo-phase within the microstructure prevailing during service, which lead to the finding of the 

well-known TNM alloy with a nominal composition of Ti-43.5Al-4Nb-1Mo-0.1B (in at.%) [3,5–7]. Therein, a 

considerable volume fraction of disordered β-phase (bcc) acts as a “lubricant” to improve the hot-workability 

of this class of alloys, whereas its ordered counterpart βo with B2-structure only exhibits a minor portion in 

the final microstructure [5]. In conclusion, TNM alloys possess a balanced mechanical property profile 

combining enhanced high-temperature strength and creep resistivity up to 750 °C with suitable ductility at 

temperatures below the brittle-to-ductile transition temperature (BDTT) [3,7]. Based on the TNM alloy design 

concept, a further refinement of the alloy composition towards enhanced high-temperature capability, i.e. 

improved yield strength and creep life at elevated temperatures, was conducted by means of alloying minor 

additions of C and Si. Therein, interstitial C acts as solid solution strengthener as well as strong carbide 

forming element in order to improve creep properties at elevated temperatures [8–10] as recently shown for 

C-containing TNM alloys [11]. The formation of δ-Ti5Si3 silicides, predominantly at α2/γ-interfaces, additionally 

improves the creep performance of γ-TiAl based alloys due to enhanced microstructural stability [12–14], 

whereas lower creep strength can be expected when Si is dissolved in the γ-phase due to preferential 
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vacancy formation as reported in Ref. [15]. Silicon further improves the oxidation resistance [16,17]. 

Nevertheless, current creep-optimized TiAl alloys, as the so-called TNB alloys [2,18], suffer from poor 

workability [19,20], wherefore this type of alloys are more designated for powder metallurgical production 

processes or isothermal forging operations of hot-worked ingots [21]. As a consequence, besides the 

modification of the chemical composition a microstructural optimization with respect to grain refinement is the 

key factor to ensure a reduced tendency of brittle failure and, therefore, sufficient damage tolerance below 

the BDTT [22–24]. 

Sellars and McTegart [25] developed a hyperbolic-sine Arrhenius-type approach for the constitutive 

description of the hot-deformation behavior as can be derived from flow curves. Therein, the strain rate  is a 

function of flow stress σ and deformation temperature T according to 

, (1) 

where A is supposed to be a material constant, α is the stress level of Power-law breakdown, n refers to the 

stress exponent and Q to a cumulative activation energy of all simultaneously occurring phase-specific 

processes, e.g. work hardening (WH), dynamic recovery (DRV), dynamic recrystallization (DRX), and/or 

attendant phase transformations [26]. These parameters, however, are supposed to be dependent on the 

true strain level φ. Early attempts of constitutive modeling of TiAl alloys were reported in Refs. [27–29], 

where the hot-working parameters were determined from a set of peak and/or plateau stresses by means of 

linear fitting methods. Recently, Deng et al. [30] have shown a similar procedure for a TNM alloy with a 

composition of Ti-43Al-4Nb-1Mo-0.1B (in at.%) determining a global activation energy of 584 kJ/mol. 

Werner et al. [31] have extended the evaluation technique in case of TNM alloys to (i) a strain-resolved 

evolution of hot-working parameters as derived from linear fitting as well as (ii) an additional dependency of 

A from  and T, which can be used to precisely reconstruct isothermal flow curves independently from 

experimental difficulties. Within the present work, the strain-resolved evolution of hot-working parameters 

according to (i) was conducted by means of a surface fitting procedure based on Eq. (1) in dependency of 

strain and phase field region-specific datasets, i.e. taking into account that hot-deformation takes place in the 

(α+β) or (α/α2+β/βo+γ) phase field region. 

A further useful approach to characterize the hot-workability of complex multi-phase alloys is the 

evaluation by means of processing maps [32–37] in combination with reliable metallographic post-analysis. 

Processing maps consist of the superposition of a strain-resolved (i) power dissipation map and (ii) instability 

map, which for example allow the identification of DRX domains and safe deformation regimes. For TiAl 
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alloys, processing maps were firstly established in a temperature range from 800 to 1300 °C and a strain 

rate regime of 10
-4

 to 10 s
-1

 as reported in Ref. [38]. Further works on β-solidifying high Nb-containing TiAl 

alloys are reported in Refs. [39,40]. According to the dynamic material model, the total power  

absorbed during hot-working can be expressed as 

, (2) 

where G is the work function and J is the power co-content, which is supposed to be related to metallurgical 

changes [34,41]. From the ratio of J and Jmax = P / 2 the efficiency of power dissipation η is given by 

, (3) 

where η can take values between 0 and 1. G can be determined after the modified relation reported in 

Refs. [42,43], where 

. (4) 

Therein, the first term is introduced to estimate the G-content until the minimum applied strain rate , 

which per definition has to be located within the Power-law regime. Therein, m is the strain rate sensitivity or 

the so-called power partitioning factor, which is defined as 

 . (5) 

The determination of G according to Eq. (4) is not only limited to Power-law behavior (dislocation climb alone 

as dominating mechanism), but also applicable to Power-law breakdown (dislocation climb and glide) [44]. 

As a generally valid instability criterion the D = J condition is used [37], where the power dissipation function 

D is set equal to metallurgical changes. Thereafter, unstable flow is expected to occur when [41] 

. (6) 

Complementary in situ high energy X-ray diffraction (HEXRD) experiments were performed as reported in 

Refs. [45,46] in order to extent knowledge on, e.g., phase evolution and texture development. In situ 

methods are not restricted to microstructural post-analysis and give a deeper view of the mechanisms 

occurring during hot-deformation and, additionally, allow identifying difficulties within test execution. In situ 

HEXRD deformation experiments also allow a phase-specific evaluation of the mechanisms arising from 
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deformation within the different phase field regions as reported in Refs. [45,47]. The results from constitutive 

modeling and processing maps enable the design of tailored in situ HEXRD hot-deformation experiments. 

2. Materials and experimental 

The refined TNM material with a chemical composition of Ti-42.82Al-4.05Nb-1.01Mo-0.11B (in at.%) and 

small additions of C and Si (C + Si ≤ 1 at.%) was produced by GfE Metalle und Materialien GmbH, 

Nuremberg, Germany, by single vacuum arc remelting (VAR) of a powder metallurgically compacted 

electrode and centrifugal casting subsequent to vacuum induction melting (VIM) in a skull melter [3]. The 

cast material was subjected to hot-isostatic pressing (HIP) for 4 hours at 1200 °C with following furnace 

cooling. 

In order to study the hot-working behavior of the cast/HIP TNM material and to record the corresponding 

flow stress versus strain curves uniaxial hot-compression tests were performed with a Gleeble
®
 3500 device. 

Thereby, samples with a diameter of 10 mm and a length of 15 mm were heated conductively with 300 K/min 

to the temperature of interest to prevent from temperature-overshoot and held for 5 min to adjust a materials 

condition close to thermodynamic equilibrium. Then, the samples were deformed isothermally at 

temperatures between 1150 and 1300 °C up to a true strain φ of 0.9, which corresponds to a height 

reduction of 60 %, using strain rates in the range of 0.005-0.5 s
-1

. The temperature was controlled by means 

of type S thermocouples spot-welded directly on the sample surface. The deformation tests were conducted 

under vacuum atmosphere with a pressure of 10
-4

 mbar. After the isothermal deformation sequence the 

samples were cooled to room temperature (RT) with a rate of ~ 200 K/min.  

 The preparation of the initial and deformed microstructures was performed by means of standard 

metallographic methods according to [48]. The evaluation of microstructural constituents was conducted 

according to the approach reported in [24]. The samples were vibrational or electrolytical polished previous 

to the investigation in the scanning electron microscope (SEM) performed in back-scattered electron (BSE) 

mode with a FE-REM MIRA from Tescan, Czech Republic, or an EVO 50 from Zeiss, Germany. 

Microstructural post-analysis was carried out in the center area, whereas the evaluation of instabilities was 

applied close to the fringe zone of the deformed samples. 

For constitutive description of the flow behavior, the strain-resolved datasets σ = f(T, ) were fitted with a 

rearranged surface function based on the sinh-approach according to Eq. (1). Therefore, the fitting 

procedure was conducted with the software package Origin 8.5 from OriginLab, USA, within the 
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characteristic phase field regions (α/α2+β/βo+γ) and (α+β). Processing maps according to Eqs. (2-6) were 

also generated with Origin 8.5.  

In situ HEXRD phase evolution experiments were carried out as reported in Ref. [11] in order to 

investigate the development of phase fractions as a function of temperature. To this end, the temperature 

was corrected by means of heat treatments with calibrated type S thermocouples for 1 h below the γ-solvus 

temperature (Tγsolv), i.e. the temperature where the γ-phase is dissolved in the matrix, followed by water 

quenching and quantitative metallographic post-analysis [11,49]. 

Complementary to the Gleeble compression tests, in situ HEXRD deformation experiments with a 

modified quenching and deformation dilatometer DIL 805 A/D [50] from Bähr Thermoanalyse GmbH, 

Germany, were executed at the synchrotron facility DESY in Hamburg, Germany, with a photon energy of 

100 keV and a beam cross-section of 0.8·0.8 mm
2
. Therein, samples with 5 mm in diameter and 10 mm in 

length were heated under Ar-Atmosphere with 400 K/min to annealing temperature by means of a widened 

water-cooled induction coil. Subsequently, the samples were held for 15 min below or 5 min above Tγsolv to 

adjust thermodynamic equilibrium. During ensuing deformation the samples were compressed up to a true 

strain of 0.6, which is equal to a height reduction of about 45 %. Isothermal deformation experiments with a 

strain rate of 0.005 s
-1

 were performed at the HZG-beamline HARWI II at the Doris II storage ring using a 

mar555 flat panel detector from Marresearch GmbH, Germany, according to Ref. [51]. Additionally, non-

isothermal deformation experiments were carried out at the HZG-operated beamline HEMS at Petra III with a 

Perkin Elmer XRD 1622 flat panel detector [52]. Therein, starting from the (α+β) phase field region the 

temperature was deliberately decreased during the compression sequence with ~ 2 K/s by applying a strain 

rate of 0.005 or 0.025 s
-1

. After deformation the samples were quenched with a cooling rate of > 50 K/s to 

600 °C followed by 150-200 K/min to RT. The raw data were processed with the software Fit2D [53]. Further 

details referring the evaluation method are given in Ref. [46]. For the used experimental setup the loading 

direction (LD) is parallel to the detector plane allowing the investigation of strain-resolved texture evolution 

[51]. Further details on the experimental environment are reported in Refs. [51,52]. Texture analysis was 

performed from the two-dimensional diffraction patterns by means of a 2D-Rietveld fitting approach with the 

software MAUD applying an azimuthal resolution of 5° as described in [54,55]. The static implementation of 

the dilatometer table makes the realization of grain tracking experiments impossible as presented in 

Ref. [47]. 
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3. Results and discussion 

3.1 Initial microstructure and refined TNM alloy system 

At RT TNM alloys consist predominantly of the three major phases γ-TiAl (L10-structure), α2-Ti3Al (D019-

structure) and βo-TiAl (B2-structure), whereas the disordered counterpart phases α-Ti(Al) (A3-structure) and 

β-Ti(Al) (A2-structure) are thermodynamically stable above their ordering temperatures. The cast/HIP 

microstructure shown in Fig. 1 is the initial microstructure prior to the hot-deformation experiments. Therein, 

75 vol.% α2/γ-colonies with a γ-lath thickness of ~ 1 µm are surrounded by about 7 vol.% βo-phase, which 

contains ωo-precipitations (B82-structure) [56] and 17 vol.% of globular γ-grains (Fig. 1a). The addition of Si 

causes the formation of < 1 vol.% δ-Ti5Si3 silicides with a size of ~ 1 µm as depicted in Fig. 1b. After HIPing 

the content of C is completely dissolved within the α2-
 
and γ-phase, which agrees well with the investigations 

reported in Ref. [11]. A residual phase content of 1 vol.% can be attributed to secondary βo-precipitates, 

which are precipitated within the α2/γ-colonies. 

The evolution of phase fractions of the TNM-C-Si alloy as determined by in situ HEXRD experiments is 

given in Fig. 2. Therein, during heating from 1100 to 1300 °C with 2 K/min the α2-phase begins to disorder at 

1175 °C, which refers to the eutectoid temperature Teut. At 1200 °C the disordering reaction of the α2-phase 

is finished. The disordering range of the βo-phase lasts from 1205 to 1230 °C. Tγsolv was determined to be 

1260 °C. Accelerated heating at 1300 °C with 15 K/min to reduce accompanied grain growth enabled the 

determination of the β-transus temperature Tβ to be 1450 °C. Thus, Fig. 2 is in good agreement with the 

TNM-C phase diagram as reported in [11] and shows a minimum of the β-phase in the vicinity of Tγsolv as 

typical for TNM alloys [3,5]. Nevertheless, alloying with C yields to (i) an enhanced content of α/α2-phase, (ii) 

increased ordering temperatures of α- and β-phase, as well as (iii) a Tβ which is higher when compared to 

the C- and Si-free TNM alloys investigated in Refs. [24,49]. However, Tγsolv stays nearly constant. The 

addition of Si (as well as a reduced content of Al) promotes the stabilization of the β-phase as reported in 

Ref. [57]. Throughout the performed in situ HEXRD heating experiment the amount of carbides and/or 

silicides was below the resolution limit. 

3.2 Uniaxial compression tests 

The experimentally derived flow curves from the isothermal Gleeble tests for 4 different temperatures and 

3 different strain rates are shown in Fig. 3. The corresponding microstructures after deformation until φ = 0.9 

are given in Fig. 4. The flow curves within the (α/α2+β/βo+γ) phase field region show a pronounced stress 

peak before an almost “steady state” plateau is reached, whereas the curves obtained within the (α+β) 
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phase field region nearly follow a constant stress level. Commonly, a stress peak is related to DRX, where 

the peak marks the onset of DRX as a consequence of a critical defect density arising from WH, i.e. 

φ = 0.05 - 0.1 in Fig. 3, while the absence of a peak is often understood that DRV is the dominating 

mechanism during hot-working [58]. This fact is partially true for multi-phase compounds due to multiple 

occurring deformation mechanisms and interactions between the phases. In a materials-independent view, a 

peak or sharp maximum of the flow behavior is primarily attributed to flow localization within the sample 

material, whereas a steady course of the flow curve can be understood as a uniform deformation [58,59]. 

From the flow curves displayed in Fig. 3 it is also evident that the flow stress increases with decreasing 

temperature and increasing strain rate, where the effect is stronger within the (α/α2+β/βo+γ) phase field 

region than within the (α+β) phase field region. 

Depending on the specific phase field region where hot-deformation has taken place the microstructures 

possess different characteristic features (see Fig. 4). Deformation within the (α/α2+β/βo+γ) phase field region 

leads to heavily deformed α2/γ-colonies featuring bent lamellae. Around the α2/γ-colonies the deformation is 

localized building a necklace structure, which consists of fine-grained DRX γ-grains. The volume fraction of 

necklace structure and the size of the corresponding recrystallized γ-grains increase with deformation time, 

i.e. decreasing strain rate, and temperatures up to 1200 °C. Additionally, the α2/γ-colonies are surrounded by 

βo-phase which can appear either elongated at fast deformation speed or spherodized when the deformation 

rate is slow. The same behavior of the β-phase is observed after deformation within the (α+β) phase field 

region. There, no γ-phase is present during the deformation sequence, wherefore the α-phase is dynamically 

recrystallized to globular α-grains. Thereby, the β-phase acts as a “lubricant”, i.e. facilitates the deformation 

accommodation between α-grains [3], and, additionally, triggers the nucleation and growth of α-nuclei during 

DRX. Minor amounts of h-type carbides and/or δ-silicides are assumed to promote DRX of the α-phase by 

means of particle-stimulated nucleation (PSN). Furthermore, the cooling rate of 200 K/min after isothermal 

deformation leads to the formation of lens-shaped γ-grains within the β/βo-phase when cooling from the 

(α+β) phase field region or possibly to the growth of recrystallized γ-grains when cooling starts from the 

(α/α2+β/βo+γ) phase field region, whereas additional γ-phase precipitates within the α2/γ-colonies [60]. Due to 

these cooling effects the post mortem evaluation of phase fractions does not correlate with the phase 

fractions present at the end of the deformation trial. However, growth and precipitation of γ-phase does not 

influence the size and morphology of the α2/γ-colonies. 

From the deformed microstructures as shown in Fig. 4 Tγsolv would be estimated to be lower than 1250 °C, 

whereas at 0.5 s
-1

 remnant γ-phase is still present (note: no γ-phase is observed at 1250 °C with 0.005 and 
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0.05 s
-1

). In contrast, the T-calibrated phase evolution in Fig. 2 indicates Tγsolv to be 1260 °C. These 

temperature uncertainties may arise either to (i) local deviations in chemical composition [61], and/or (ii) the 

T-measurement of the Gleeble testing device, i.e. spot-welded thermocouple on the sample surface. 

However, conductive heating of the sample leads to a homogeneous temperature distribution, inducing a 

uniform deformation of the samples. A minor influence of adiabatic heating within the applied strain rate 

regime was corrected by means of temperature readjustment during the experiment.  

3.3 Constitutive modeling 

A rearranged formulation of Eq. (1), i.e. σ = f( ,T), was used to comprehensively describe the viscoplastic 

flow behavior derived from the experimental flow curve data as depicted in Fig. 3. Therefore, sets of 

σ = f( ,T) data at constant strain levels were fitted by means of the derived surface fitting function as 

exemplarily shown in Fig. 5a for a true strain of 0.2. There, the complete 34 matrix, i.e. strain rate  

temperature, was fitted neglecting the differences occurring from deformation within the specific phase field 

regions. With this procedure the whole dataset cannot be described accurately, especially in the strain rate 

range of 0.005-0.05 s
-1

 and temperature range of 1250-1300 °C. To elude these uncertainties the fitting 

procedure was applied to the specific phase field region in agreement with the microstructures after 

deformation as shown in Fig. 4. The result of surface fitting for the separated (α/α2+β/βo+γ) and (α+β) phase 

field regions is given in Fig. 5b. This separation is caused by the different occurring deformation modes. For 

example in the (α/α2+β/βo+γ) phase field region lamellar colony packets have to be deformed, whereas in the 

(α+β) phase field region disordered α- and β-grains are deformed as expected from the microstructures in 

Fig. 4. Therein, the transition between the different phase field regions is not clearly defined due to 

metrological difficulties (see also section 3.2). The fitted surfaces in Fig. 5 underline the good agreement with 

the conducted sinh-approach. Thereby, strain rates of 0.005 s
-1

 refer to the Power-law regime, whereas the 

data for 0.5 s
-1

 are located in the Power-law breakdown region. The intermediate dataset for a constant 

0.05 s
-1

 is assigned to the transitional zone.  

Applying the fitting procedure to different strain-dependent datasets allows the determination of the hot-

working parameters A, Q, n, and α as a function of true strain as depicted in Fig. 6. To accomplish the fitting 

procedure the starting values were set manually to A = 10
25

 s
-1

, Q = 600 kJ/mol, n = 6 and α = 0.002 for true 

strain levels above 0.02. A and Q from Figs. 6a,b show a course comparable to the flow curves in Fig. 3, i.e. 

the values increase followed by a continuous drop, but not reaching a distinct plateau value. However, n in 

Fig. 6c exhibit an inverse behavior and α seems to decrease linearly (Fig. 6d). When comparing the 
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constitutive analysis of the different phase field regions (α/α2+β/βo+γ) and (α+β) the parameters follow a 

similar course, whereas the constitutive parameters of the (α+β) phase field region are shifted to lower 

values. Thereby, Q exhibits a sharp peak below Tγsolv, whereas a broad peak can be determined above Tγsolv. 

The lower Q-values in the (α+β) phase field region might be attributed to the different partitioning of the 

occurring phase-specific deformation mechanisms when compared to the (α/α2+β/βo+γ) phase field region. 

The maxima of Q correlate with the peak positions of the corresponding flow curves, i.e. within a true strain 

range of 0.05-0.1 for the (α/α2+β/βo+γ) and 0.1-0.2 for the (α+β) phase field region. Independent from the 

specific phase field regions the plateau values of n are ranging from approximately 3-4.5 as typical for 

Power-law creep [25,44]. 

The strain-resolved evolution of Q below Tγsolv from Fig. 6b can further be compared with that obtained for 

a C- and Si-free TNM alloy within the (α/α2+β/βo+γ) phase field region as reported in Ref. [31]. From the 

comparison, it is evident that the deformation behavior changes through the addition of C and Si. For 

example the C- and Si-bearing TNM alloy exhibits with a Q-maximum of 850 kJ/mol a distinct peak followed 

by a decrease until 355 kJ/mol at a strain level of 0.9 (Fig. 6b). In contrast, the TNM alloy in Ref. [31] shows 

a plateau of 720 ±25 kJ/mol when the maximum Q-value is reached. A higher Q-peak indicates enhanced 

deformation resistance, whereas lower Q-values at a higher degree of deformation let suppose pronounced 

DRX behavior. Both differences may be primarily attributed to the addition of C and Si, where, e.g., dissolved 

C leads to strengthening as well as to a reduction of the stacking fault energies (SFE) of both the α- and γ-

phase [2]. The Q-plateau of the TNM alloy may be caused by an increased contribution of concurrent DRV 

during DRX [47]. 

 The recalculated flow curves derived from the strain-resolved values in Fig. 6 match very well with the 

experimentally determined flow data (see Fig. 3). Therefore, the applied surface fitting leads to an adequate 

reproduction of the plastic flow behavior of the investigated multi-phase alloy system, even if less data points 

are present. However, classic linear-based fitting methods only provide satisfying results from datasets 

greater than a 33 matrix. It is also obvious that in case of surface fitting a further refinement of A = f( ,T) as 

used in Ref. [31] is not implicitly needed. 

3.4 Processing maps 

Based on the experimental flow curves given in Fig. 3 power dissipation maps were generated according 

to Eqs. (2-5) as shown for characteristic strain levels in Fig. 7. Therein, depending on the SFE of the phases 

different deformation mechanisms can occur as reported in Ref. [35]. Thus, DRX domains predominantly 
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appear at temperatures of 0.7-0.8·Tm (Tm is the absolute melting temperature) and η-values of 0.30-0.40 for 

phases with low SFE or 0.50-0.55 for phases with high SFE. According to [40] the SFE of the α/α2- and β/βo-

phase are high, when compared to the SFE of the γ-phase, which is rather low. Schmoelzer et al. [47] 

reported phase-specific mechanisms during hot-working as obtained from in situ HEXRD experiments of a C- 

and Si-free TNM alloy applying a mean strain rate of 0.0037 s
-1

. There, the α/α2-phase tends to DRX during 

deformation in the (α/α2+β/βo+γ) phase field region at 1220 °C, whereas DRV is the dominating mechanism 

in the (α+β) phase field region at 1300 °C. The β/βo-phase is considered to undergo DRV, whereas the γ-

phase is attributed to both mechanisms (DRX and DRV). For the C- and Si-containing TNM alloy dissolved C 

reduces the SFE of the α/α2- and γ-phase leading to an enhanced contribution of DRX as validated by the 

appearance of DRX domains in Fig. 7. The deformation behavior of the β/βo-phase should be unaffected due 

to minor C-solubility as reported in [11]. Additionally, the formation of h-type carbides and δ-silicides in the 

(α+β) phase field region may promote DRX throughout particle-stimulated nucleation of α-grains. The 

occurrence of the DRX domains of the α/α2- and γ-phase in Fig. 7 is in good agreement to the deformed 

microstructures shown in Fig. 4. According to Fig. 7 wedge cracking should occur preferentially in the 

temperature range of 0.7-0.8·Tm and η > 0.60 [35], i.e. 1250-1300 °C with 0.2-0.5 s
-1

. The micrographs in 

Fig. 8 confirm the formation of wedge-type cracks, which are oriented parallel to the surface up to a depth of 

about 200 μm. 

The instability maps derived from the instability criterion given by Eq. (6) are superimposed to the power 

dissipation maps in Fig. 7. It is evident that instability takes place in the beginning of hot-working in the range 

of 1150-1200 °C and 0.05-0.5 s
-1

, which corresponds to the stress peaks of the flow curves within the 

(α/α2+β/βo+γ) phase field region shown in Fig. 3, i.e. enhanced deformation localization. At true strains larger 

than 0.2 the instability domain shifts to enhanced strain rates and decreased temperatures until it vanishes at 

a strain level above ~ 0.6. The evolution of the instability map agrees well with the formation of round-type 

cavities when compared to the micrographs in Fig. 8. Therefore, the D = J criterion can be used to accurately 

and reliably describe the formation of voids, except for the microstructural condition after deformation at 

1150 °C and 0.005 s
-1

. In contrast, the commonly used Ziegler instability criterion [35,62] was found to be not 

appropriate to predict cavity formation. 

3.5 In situ HEXRD deformation experiments 

From the results of the previous sections in situ HEXRD deformation experiments were designed in order 

to study the hot-working behavior of the C- and Si-containing TNM alloy under safe conditions, i.e. no 
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instability should occur during isothermal or non-isothermal deformation tests. An isothermal deformation test 

was conducted at 1200 °C within the (α/α2+β/βo+γ) phase field region using a strain rate of 0.005 s
-1

 (Fig. 9). 

There, the derived flow stress curve from the dilatometer experiment (Fig. 9a) fits well to the flow data of the 

Gleeble tests as given in Fig. 3, although the deformed Gleeble samples are deformed more homogeneously 

than the dilatometer samples. The reason for that can be found in the adaptation of the heating device. 

While, the Gleeble samples were heated conductively, resulting in a homogenous temperature distribution, 

the dilatometer samples are heated inductively in an asymmetric Cu-coil (Note: the asymmetric shape is 

necessary to lead through the X-ray beam). Furthermore, the colder Al2O3 deformation punches used in the 

dilatometer lead to enhanced heat dissipation, i.e. sample material in the vicinity of the deformation punches 

exhibits an about 50 °C decreased temperature. Thus, a cylindrical Mo-plate with a thickness of 0.1 mm was 

implemented between the fixed deformation punch and the dilatometer sample. The better inductive heat 

coupling of Mo when compared to TiAl results in a homogenized temperature distribution within the TiAl 

sample. As found in pre-studies, for this single-sided mounting of the Mo-plate to the dilatometer sample the 

irradiated volume remains still within the deformation zone at least until a maximum strain of 0.6 is applied. 

Before the deformation process is started the phase fractions are close to thermodynamic equilibrium as 

shown in Fig. 9b for a holding time of 15 min. From Fig. 9b it is also obvious that a shorter holding time of 

5 min, as conducted in the Gleeble experiments (Fig. 3), is not sufficient reaching a stationary condition 

below ~ Tγsolv. Thus, during the Gleeble tests α(α2) → γ phase transformations have an additional, but minor, 

contribution to the course of the flow curve. Although, the surface temperature in Fig. 9a stays nearly 

constant at 1200 ±2 °C the true temperature of the measuring volume has to be corrected to 1220 °C 

according to the phase evolution in Fig. 2. At the beginning of deformation the temperature drops due to the 

improvement of the thermal contact between the sample and deformation punches causing a volatile 

increase of the high-frequency (HF) power (Fig. 9a). This leads to a decrease of γ-phase from 27 to 21 m.% 

within the first 30 s of deformation, which is equal to a temperature raise of +10 °C when compared to Fig. 2. 

Thereafter, the γ-phase content continuously increases to 52 m.% corresponding to a temperature of 

1155 °C, whereas the temperature of the control thermocouple on the sample surface remains constant at 

1200 °C (Fig. 9a). The reason for the temperature decrease might be found in (i) the changing contact 

conditions, i.e. thermal conductance, close to the deformation punches, (ii) the axial temperature gradient 

due to the widened coil and (iii) the increasing sample cross-section during deformation leading to a different 

inductive heat coupling. At the end of the deformation segment contact problems of the thermocouple due to 

local sample bulging provoke the occurrence of a HF power pulse initiating a raise of temperature (Fig. 9a), 
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which leads to a reduction of γ-phase prior to cooling of 4 m.%, correlating to a temperature increase of 15-

20 °C (Fig. 9b). During ensuing quenching no significant change of phase fractions took place, which agrees 

well with the investigations conducted in Refs. [11,49,63]. The texture evolution of the α-phase during 

deformation is given in the azimuthal angle-time-plot (AT-plot) of the α(10 0)-reflection as depicted in Fig. 9c. 

There, the α(10 0)-reflection was chosen due to a peak overlap of α(0002) with γ(111) occurring in the 

(α/α2+β/βo+γ) phase field region. Therein, the sharp diffraction spots at the beginning of deformation 

correspond to large grains present in the untextured cast/HIP microstructure [11]. During further deformation 

the α/γ-colonies rotate, whereby the diffraction spots become diffuse due to plastic deformation. A 

deformation texture in transversal direction (TD) is formed, where the maximum intensity occurs 

approximately at a true strain of 0.2-0.3. With increasing amount of γ-phase from 21 to 52 m.% the α(10 0)- 

or α2(20 0)-reflections are getting spotty again, which possibly can be attributed to existent pixel failures 

from the used mar555 flat panel detector. The corresponding inverse pole figures (IPFs) at true strains of 0.3 

and 0.6 in Fig. 9d agree well with the AT-Plot, i.e. texture sharpness is increased at a true strain of 0.3, and 

indicate the formation of a diffuse basal fiber texture of the α/α2-phase in loading direction (LD). 

An isothermal hot-deformation experiment conducted within the (α+β) phase field region at 1250 °C and a 

strain rate of 0.005 s
-1

 is shown in Fig. 10. There, the flow stress data in Fig. 10a again correspond well to 

the flow curves obtained in Fig. 3. Comparing the phase fraction evolution in Fig. 10b with Fig. 2 the true 

temperature before deformation has to be corrected to about 1305 °C. Note the oscillation of the β-phase 

content between 10 and 15 m.% during isothermal holding which can be correlated to temperatures of 1275 

and 1315 °C, respectively. During deformation the content of β-phase increases from 13 to 22 m.% 

correlating to a temperature raise up to 1335 °C, which is in good agreement with the isothermal deformation 

experiment below Tγsolv (see Fig. 9). At the end of the deformation trial approximately 12 m.% β-phase are 

present, which is equal to a temperature of 1295 °C. The AT-plot during deformation in Fig. 10c shows again 

a spotty intensity distribution of α(0002) at the beginning of deformation corresponding to the coarse-grained 

and untextured cast/HIP microstructure. Subsequent plastic deformation leads to peak broadening due to 

defect formation and multiplication within the α-phase. Concurrent DRX of the α-phase induces a broad 

intensity distribution expecting minor texture, which seems to sharpen around LD at the end of deformation 

(Fig. 10c). The IPFs of the α/α2-phase in Fig. 10d confirm the texture evolution as estimated from the AT-Plot 

of the α(0002)-reflection. Thus, a weak tilted basal fiber texture of the α2-phase is present in LD after 

deformation at RT which is the result of DRX of the α-phase. Furthermore, it is obvious that the missing peak 

of the flow curve cannot be attributed to an enhanced occurrence of DRV as would be interpreted from a 
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classic flow curve of a single-phase material (compare also micrographs in Fig. 4, where the α-grains 

apparently show an elongated feature, but consist of recrystallized grains). Immediately before quenching a 

sudden temperature raise of the control thermocouple can be observed, whereas the HF power remains 

nearly constant. Thus, the β-phase content may increase before quenching, where the disordered β-phase 

retransforms to α-phase [11,63]. In Fig. 10b the β-phase content decreases from 12 to 8.m% during 

quenching. 

Finally, a non-isothermal hot-working experiment starting from the (α+β) phase field region at 1300 °C with 

a constant strain rate of 0.005 s
-1

 was applied. Thereby, the flow stress steadily increases with strain due to 

raising deformation resistance with decreasing temperature down to the (α/α2+β/βo+γ) phase field region 

(Fig. 11a). Before deformation starts a fraction of 16 m.% β-phase is present (Fig. 11b), which corresponds 

to a true temperature of 1320 °C (Fig. 2). During deformation the amount of β-phase decreases continuously 

to about 10 m.% before the test is terminated. At a corrected temperature of 1255 °C, which is 5 °C below 

Tγsolv, γ-phase is formed at the expense of α-phase. In contrast, experiments with comparable cooling rates 

from the (α+β) phase field region without the application of an external load require a supercooling of 150-

200 °C until γ-phase formation within α2-grains takes place [60]. Obviously, deformation leads to accelerated 

precipitation of the γ-phase. During further deformation the temperature drops down to a corrected value of 

1140 °C, where 51 m.% γ-phase are precipitated, which is in good agreement with the thermodynamic 

equilibrium data shown in Fig. 2. Upon quenching at the end of the experiment no change of the phase 

fractions could be observed. The texture information about the α/α2-phase during deformation is given in 

Fig. 11c. Because this non-isothermal experiment was conducted at the more brilliant X-ray source Petra III 

in combination with a faster detector a higher time and space resolution is ensured. For deformation 

temperatures above Tγsolv the coarse-grained cast/HIP microstructure is refined by means of DRX of the α-

phase. Thereby, the onset of DRX is assigned to a true strain of about 0.15-0.25 where the spotty reflections 

become diffuse (compare Figs. 11a,c). The weak texture of the α(10 0)- or α2(20 0)-reflections in the (α+β) 

phase field region sharpens in TD below Tγsolv, which is associated with a change in deformation mode from 

the deformation of α-grains to α(α2)/γ-colonies. A significant texture of the γ-phase initially arises above a 

critical γ-phase content of about 15 m.%, which should belong to the limit where the deformation mode 

switches (compare Figs. 11b,d). The microstructure after the experiment depicted in Fig. 11 is given in 

Fig. 12a exhibiting typical features as compared to isothermal deformation below Tγsolv, e.g. necklace 

structure and deformed lamellae within the α2/γ-colonies. According to [51,64] the coarse-grained α2/γ-
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colonies which are elongated perpendicular to LD lead to a characteristic tilted basal fiber texture of the α2-

phase as shown in the corresponding IPF displayed in Fig. 12c.  

In comparison, a similar non-isothermal in situ HEXRD deformation experiment with a faster strain rate of 

0.025 s
-1

 was applied, where deformation up to a true strain of 0.6 is finished above Tγsolv. The corresponding 

micrograph is given in Fig. 12b showing a significantly refined microstructure when compared to Fig. 12a 

consisting of residual aligned βo-phase and supersaturated recrystallized α2-grains with a median diameter of 

about 10 μm. Therein, the wavy occurrence of the α2-grains is a typical feature of DRX [35]. The related IPF 

in Fig. 12d proves that no statistically significant texture exists in the α2-phase. From Fig. 12b it is also 

evident that PSN promotes DRX due to enhanced nucleation of α-phase at β-phase as well as at δ-silicides 

and h-type carbides. Obviously, h-type carbides are formed during deformation due to (i) the lower C-

solubility of the disordered α-phase when compared to the ordered α2-phase [60], and (ii) an increased 

content of β-phase which shows an insignificant solubility for C [11]. However, with the applied exposure 

times of 0.5-1 s it was not possible to study the carbide formation, which was obviously below the detection 

limit of the experimental conditions. Therefore, this information is only accessible from post mortem 

examination. 

4. Conclusions 

The phase evolution of a β-stabilized γ-TiAl based alloy, called TNM alloy, with a nominal composition of 

Ti-43Al-4Nb-1Mo-0.1B (in at.%) which contains a small amount of C and Si (C + Si ≤ 1 at.%) shows the 

same characteristic features as a C- and Si-free TNM alloy, i.e. solidification pathway via the β-phase and a 

minimum of the β-phase in the vicinity of the γ-solvus temperature Tγsolv. However, the TNM-C-Si alloy 

exhibits increased disordering temperatures of the α2- and βo-phase of about 25 °C as well as an increased 

β-transus temperature Tβ of about 50 °C. However, Tγsolv stays nearly constant. Additionally, the formation of 

δ-Ti5Si3 silicides and h-type carbides Ti2AlC could be observed depending on heat treatment and deformation 

condition. Deformation studies conducted within a temperature range of 1150 to 1300 °C and a stress rate 

regime of 0.005 to 0.5 s
-1

 up to a true strain of φ = 0.9 demonstrate a higher deformation resistance of the 

TNM-C-Si alloy when compared to the C- and Si-free alloy variant. Depending on the phase field region 

where deformation takes place, i.e. (α/α2+β/βo+γ) or (α+β), characteristic microstructural features arise 

according to the occurring main deformation mechanisms, e.g. bent lamellae within α2/γ-colonies and 

necklace structure of the γ-phase below Tγsolv as well as dynamically recrystallized (DRX) α-grains above 

Tγsolv. The improved DRX behavior could be attributed to (i) the lowered stacking fault energies of the α/α2- 

and γ-phase by C-addition as well as (ii) enhanced particle-stimulated nucleation of α-grains by means of δ-
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silicides and h-type carbides. Thereby, h-type carbides are formed during deformation within the (α+β) phase 

field region because of a lower C-solubility of the disordered α-phase when compared with the ordered α2-

phase as well as an increased volume fraction of β-phase with an insignificant solubility for C. Thus, 

deformation within the (α+β) phase field region was found to be appropriate for an effective grain refinement 

of the α-phase, which is a key factor for processing microstructures with improved strength properties and 

high-temperature capability by maintaining a reduced critical defect size of α2/γ-colonies to prevent from 

premature failure. Deformation at 1250-1300 °C with 0.005-0.05 s
-1

 and 1200 °C with 0.005 s
-1

 roughly 

corresponds to the safe hot-working region as evaluated by means of processing maps. There, the power 

dissipation map could be used to reliably predict phase field region-specific DRX domains of the α- and γ-

phase as well as wedge-type cracking, whereas the instability map referred to the formation of round-type 

cavities, which are predominantly induced at the beginning of plastic deformation. A phase field region-

specific constitutive description via a surface fitting approach based on the hyperbolic-sine law also provides 

satisfying results to reproduce the flow behavior of the C- and Si-bearing TNM alloy. Selected isothermal and 

non-isothermal in situ HEXRD deformation experiments allowed critically discussing experimental difficulties 

in performing hot-deformation tests in the safe hot-working region, e.g. changing phase amounts and, thus, 

examination of true temperatures within irradiated sample volume as well as phase-transformational effects 

during cooling and quenching. The texture evolution during deformation within (α+β) phase field region 

further confirms the formation of a refined and nearly texture-free microstructure, whereas below a critical 

amount of about 15 m.% γ-phase the deformation mode changes leading to the formation of undesired 

coarse-grained and elongated α2/γ-colonies with a significant tilted basal fiber texture of the α2-phase. 
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Figure captions 

 

Fig. 1: SEM micrograph of the initial cast/HIP microstructure of the investigated TNM alloy containing small additions of C and Si: a) overview and b) 

microstructural details in higher magnification. The arrow in b) denotes a bright-contrasted δ-Ti5Si3 particle. 

 

Fig. 2: Temperature-corrected phase evolution of the TNM alloy with small additions of C and Si as determined by in situ HEXRD. 

 

Fig. 3: Experimentally derived flow stress curves (solid lines) and recalculated true stress-strain curves (,,,) as reported in section 3.3 until a true 

degree of deformation of φ = 0.9 within a strain rate regime of 0.005 to 0.5 s
-1

 (a-c) and a temperature range of 1150 to 1300 °C. 

 

Fig. 4: Microstructures of the deformed specimens according to the experiments shown in Fig. 3 (φ = 0.9). In all images the loading direction (LD) is vertical 

within the image plane. 

 

Fig. 5: Fit of deformation data σ = f(T, ) by means of a rearranged formulation based on the sinh-law approach according to Eq. (1) at a true degree of 

deformation of φ = 0.2: a) fitting of the complete dataset and b) separation of data sets in dependence of the phase field regions (α/α2+β/βo+γ) and (α+β). 

 

Fig. 6: Strain-resolved evolution of the fitting parameters A, Q, n, and α from the sinh-approach given in Eq. (1) (a-d) in accordance to the fitting procedure 

depicted in Fig. 5b. Note that the derived parameters were separated corresponding to the occurring phase field regions (α/α2+β/βo+γ), , and (α+β), . 

 

Fig. 7: Strain-resolved processing maps derived from the experimental true stress-strain curves shown in Fig. 3 (see text). 

 

Fig. 8: Evolution of instabilities during the deformation experiments given in Fig. 3 (φ = 0.9): round-type (“r”) cavities according to the prediction of the 

instability map in Fig. 7 and formation of wedge-type (“w”) cracks, where η > 60 %. Thus, the safe deformation region is in the temperature and strain rate 

range of 1250 to 1300 °C and 0.005 to 0.05 s
-1

, respectively, as well as at 1200 °C and a strain rate of 0.005 s
-1

. 

 

Fig. 9: In situ HEXRD isothermal deformation experiment within the (α/α2+β/βo+γ) phase field region at 1200 °C (T < Tγsolv) using a strain rate of 0.005 s
-1

 

(φmax = 0.6): a) dilatometer data, b) phase fractions, c) texture evolution of the α/α2-phase during deformation sequence (AT-plot of α(10 0)- or α2(20 0)-

peaks), and d) inverse pole figures (IPFs) of the α/α2-phase in LD at true strains of 0.3 and 0.6 (RT). LD: loading direction; TD: transversal direction. 

 

Fig. 10: In situ HEXRD isothermal deformation experiment conducted within the (α+β) phase field region at 1250 °C (T > Tγsolv) with a strain rate of 0.005 s
-1

 

(φmax = 0.6): a) dilatometer data, b) phase fractions, c) texture evolution of α(0002) during deformation, and d) IPFs of the α/α2-phase in LD at true strains of 

0.3 and 0.6 (RT).  

 

Fig. 11: In situ HEXRD non-isothermal deformation experiment with decreasing temperature (~ 2 K/s) from about 1300 to 1100 °C at an applied strain rate 

of 0.005 s
-1

 (φ = 0.6): a) dilatometer data, b) phase fractions, and AT-plots during deformation of c) α(10 0) or α2(20 0), and d) γ(001). 

 

Fig. 12: Deformed microstructures after a) the in situ HEXRD experiment conducted in Fig. 11 and b) an identical experiment with an applied strain rate of 

0.025 s
-1

, where the final temperature of the deformation trial is above Tγsolv (φ = 0.6). IPFs in equal-area projection of the α2-Ti3Al phase in LD, where c) 

accords to a) and d) to b), respectively. 
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